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Section 1: EXECUTIVE SUMMARY

The research is concerned with the mechanical properties of ceramic/metal bonded systems
and with establishing criteria for interface decohesion, for sliding and for cracking across
interfaces. The research is closely coordinated with other ONR/ARPA programs at UCSB
concerned with advanced composites. The research has application to the mechanical
performance of biphasic systems, including metal matrix composites, layered materials and
refractory metal toughened ceramics. It is also relevant to the adhesion of ceramic coatings
on alloy substrates, the joining and brazing of metals to ceramics as well as the mechanical
integrity of multilayer capacitors and ceramic packages for electronic devices. A central
issue concerns the elucidation of relationships between interface debonding and sliding and
the properties and dimensions of the constituents and interphases.

A major focus of the recent research has been on stress redistribution caused by slip and
debonding of interfaces. Such redistribution ultimately controls the damage mechanisms
that operate in multilayers and hence, their thermostructural performance. The preferred
response is one in which damage is spatially distributed rather than localized into a
dominant crack. To explore these effects, various calculations and experiments have been
performed for multilayers containing cracks in one of the brittle layers. Then, the stresses
in the neighboring layers have been ascertained for both slipping and debonding interfaces.
The measurements Lave been made using both Moiré interferometry and fluorescence
spectroscopy. The measurements are in good agreement with calculations, which show
that debonding is much more effective than slip at reducing stress concentrations, thereby
encouraging distributed rather than localized damage.

A complementary activity has been on the cyclic response of interfaces in multilayers, with
associated implications for stress redistribution and thermostructural performance. For
typical, well-bonded metal/ceramic interfaces, it has been found that fatigue crack growth
occurs along the interface, in preference to crack growth through the alloy, whenever the
interface is subject to a significant opening mode component (phase angle ¥<50°). Such
fatigue debonding diminishes stress concentrations and enhances the thermostructural
response. Conversely, when interface debonds are subject to shear (mode II), fatigue
crack growth occurs preferentially through the alloy, leading to degraded structural




performance. The effect of mode mixity on interface fatigue has thus emerged as a critical
issue for further study.

The effects of diffusion bonding on the tensile strength has been explored for metal/ceramic
systems that do not form reaction products. It has been found that diffusional phenomena
occurring at high temperatures cause morphological changes at the interface. Ridges and
troughs form in response to surface and interface forces. These features act as flaws that
diminish the tensile strength. Such effects are especially prevalent with high strength oxide
fibers, which have properties sensitive to small surface flaws. This research has identified
phenomena that must be avoided in order to prevent strength degradation in metal/ceramic
sytems.

Finally, a microelectronics-based method for measuring the debond energy for thin metal
films on a substrate has been developed and used to determine the debonding of Cu from
Si02. It uses a vapor deposited Cr superlayer, subject to 'intrinsic’ tensile stress, to
provide the energy release rate for mixed mode decohesion, after deposition. The layer and
the film are patterned and severed to establish the critical thickness at which spontaneous
decohesion occurs. This critical thickness is explicitly related to I'j. The results for
CwSi07 give T values in the range expected from other studies. The application of this
new method to other thin films and multilayers is now being exploited.
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Abstract

Several problems are analyzed that have bearing on cracking and survivability in the
presence of cracking of layered composite materials comprised of brittle layers joined either by a
weak interface or by a thin layer of a well-bonded ductile metal. The problems concern a crack in
one brittle layer impinging on the interface with the neighboring brittle layer and either branching,
if the interface is weak, or inducing plastic yielding, if a ductile bonding agent is present. For the
case of a weak interface, the effect of debonding along the interface is analyzed and results for the
stress redistribution in the uncracked layer directly ahead of the crack tip are presented. Debonding
lowers the high stress concentration just across the interface, but causes a small increase in the
tensile stresses further ahead of the tip in the uncracked layer. A similar stress redistribution
occurs when the layers are joined by a very thin ductile layer that undergoes yielding above and
below the crack tip, allowing the cracked layer to redistribute its load to the neighboring uncracked
layer. The role of debonding and yielding of the interface on 3D tunnel cracking through an
individual layer is also discussed and analyzed. Residual stress in the layers is included in the
analysis.




1. Introduction

When layered, thin sheets of a brittle material may have toughness and strength properties
which are far superior to those of the material in bulk form [1-6). To achieve good strength and
toughness, the interface between adjoining layers must stymie the stress concentration effect of any
crack that occurs in an individual layer, reducing the likelihood that it will propagate into the next
layer. Depending on the nature of the interface, this may occur by debonding, when the interface
is brittle and relatively weak, or by yielding and sliding for systems comprised of brittle layers
alternating with thin ductile adhesive layers. The latter category is represented by sheets of Al2O3
joined by thin layers of aluminum [2] and by the model system with sheets of Al203 bonded by
epoxy [3]. Some of the issues related to the design of layered brittie materials are similar to those
encountered in the design of fiber-reinforced brittle matrix composites, such as the selection of
interface toughness to prevent matrix cracks from penetrating the fibers. Other issues are unique to
the layered geometry, and this paper addresses a few of them. In particular, the role of yielding or
debonding of the interface in defeating cracks in individual layers is analyzed by considering the
stress redistribution in the adjoining uncracked layer that accompanies these processes. Results
will also be given for the energy release rate of 3D cracks tunneling through an individual layer.
This release rate, which is influenced by interface yielding or debonding, provides the essential
information needed to predict the onset of widespread layer cracking in terms of the thickness of
the brittle layer material and its toughness.

The geometries of the problems to be studied are laid out in Fig. 1. Fig. 1a shows a
cracked layer of width 2w with zones of either yielding or debonding in the interface extending a
distance d above and below the crack tips. The interface is taken to be either a very thin ductile
layer of an elastic-perfectly plastic material with shear flow stress, 1, or a weak plane that debonds
and slips under conditions such that the layers remain in contact and exert a friction stress T on
each other. The ductile adhesive layer allows slipping of the layers it joins relative to one another
by plastic yielding, but it is assumed that debonding does not occur. In this case, the condition
K2 = 0 must be enforced, leading to well-behaved shear stresses at the end of the yielding zone and
establishing the zone length d. In the case where the interface debonds, the interface crack is fully
closed for d/w>0.71 [7]. The mode 2 stress intensity factor K2 at the end of the slipped zone will
be nonzero and must attain the mode 2 toughness of the interface for the debond to spread. Results
for K2 will be given.

Cracks in individual layers spread as 3D tunnel cracks propagating through the layer as
depicted in Fig. 2. Once the crack has spread a distance of at least several layer thicknesses in the
z-direction it approaches a steady-state wherein the behavior at the propagating crack front becomes
independent of the length of the crack in the z-direction. Under these steady-state conditions, the
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energy release rate of the propagating front can be computed using the plane strain solution
associated with the geometry of Fig. 1a (other examples of tunnel cracks are given in the review
article [8]). The steady-state energy release rate can be computed in terms of the average of the
opening 8(x) of the plane strain crack. The zone of yielding or debonding increases the tunneling
energy release rate, thereby lowering the overall stress at which widespread layer cracking can
occur. Results for the tunneling energy release rate will be given. The role of residual stresses in
the layers are readily accounted for, as will be discussed in the final section.

When the interface is weak and debonding occurs, the interface crack is fully open with
mixed mode intensity factors when d/w<0.24 [7]. This case can be well approximated by the
asymptotic problem for a semi-infinite crack impinging the interface where the remote field is the
K-field associated with the problem in Fig.1a with d=0. The stress redistribution in the next layer
ahead of the impinging crack tip will be given, along with a correction of previous results for the
energy release rate for the doubly-deflected interface crack of [9). When plastic yielding of a
ductile adhesive layer occurs, another asymptotic problem applies when ¢ is sufficiently small
compared to T. Then, the asymptotic problem is that shown in Fig. 1b for a semi-infinite crack
loaded remotely by the same K-field. In this case as well, emphasis will be placed on the effect of
yielding in the thin adhesive layer on the stress distribution ahead of the crack tip in the uncracked
layer.

2. Effect of Plastic Yielding on Stress Redistribution.

As discussed above, the thin ductile adhesive layers in Fig.1a are assumed to be clastic-
perfectly plastic with a yield stress in shear of t and are modeled as having zero thickness. The
plane strain problem is considered where the central cracked layer has the same elastic properties
(E,v) as the semi-infinite blocks adjoining across the interfaces. Under monotonic increase of the
applied remote stress, G, the zones of yielding of half-height d spread allowing slip in the form of a
tangential displacement discontinuity across the interface in the yiclded region. The condition
Oxy=1t is enforced within the yielded zones of the interface. The Dugdale-like condition, K2=0,
at the ends of the yielded zones ensures that the shear stress on the interface falls off continuously
just outside the yielded zone, and it determines the relation of d/w to o/t under the monotonic
loading considered. Integral equation methods are employed to solve this problem, as well as the
others posed below; a brief outline of the methods used are discussed in the Appendix.

The two most important functional relations needed to solve the 3D tunneling crack
problem discussed below are shown in Figures 3 and 4. In Fig.4, 3 is the average crack opening
displacement defined by
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The elastic value of 3, valid when there is no yielding (T—dee), is &-—-x(l-v’)cw/ﬂ. Yielding of
the adhesive layers begins to make a significant contribution to the average crack opening
displacement when o/t exceeds unity. The redistribution of normal stress, Gyy(x,0), in the block
of material across the interface is shown in Fig. 5 for three levels of o/t. The curve shown for
o/t=1.5 is only very slightly reduced below the elastic distribution ( Gyy(x,0)=(x+1)/(x2+2x)112 )
for x/w>0.05. Reduction of stress ahead of the crack tip begins to be appreciable whea 6/t=2.7,
and is quite significant when 6/t=6.4. The drop in stress just across the interface is offset by a
slight increase in stress relative to the elastic distribution further away from the interface. Thisisa
feature seen in all the stress redistribution results.

Stress redistribution can be presented in another way when d/w is sufficiently small using
the asymptotic problem depicted in Fig. 1b. As long as d/w is sufficiently small, the yielding
behavior is small scale yielding with the elastic stress intensity factor K as the controlling load
parameter. The remote ficld imposed on the semi-infinite crack is the elastic K-field. This
asymptotic problem has also been solved with integral equation techniques. The extent of the yield
zone in the asymptotic problem is

2
d= 0.052(-5-) (2)

Fig. 6 displays the normal stress directly ahead of the crack tip in the adjoining block normalized
by the elastic stress field for the limit t=oe. The stress ratio in Fig. 6 depends on x/d but is
otherwise independent of K in the asymptotic problem. Yielding reduces the stress below the
clastic level over a region ahead of the crack tip which is a little larger than d/10. Beyond that
region the stresses are slightly elevated above the elastic levels and approach the elastic distribution
as x/d becomes large. The stress redistribution due to debonding which is also presented in Fig.6
is more dramatic, as will be discussed later in the paper.

3. Effect of Plastic Yielding on Tunnel Cracking

As stated earlier, the steady-state energy release rate for a 3D tunneling crack can be
computed using the plane strain solution. For the geometry and loading shown in Figs.1a and 2,
the leading edge of the tunneling crack propagating in the z-direction experiences mode I
conditions. Let Ggg denote the energy release rate averaged over the propagating crack front. An
energy balance accounting for the release of energy per unit advance of the tunnel crack under
steady-state conditions gives that 2wGygg is the work done by the tractions acting across the plane
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of the layer crack in the plane strain problem as those tractions are reduced to zero from ¢. For the
present problems, this is the same as

Gu = j:&o’)dd' 3)

where § is the average crack opening displacement for the traction-free plane strain crack under
monotonically increased remote ©. The elastic result for d=0 (i.c., T=ee ) is

- 2
_xa-v)olw @
2E
The ratio of Ggs to Gg can be computed from the data in Fig. 4 using simple numerical

integration. The result is plotted in Fig. 7. Increases of the steady-state release rate above the
elastic value become important when o/t exceeds unity.

Gy

4. Effect of Debonding and Frictionless Slipping on Stress Redistribution

A review of the plane strain interface debonding problem for the geometry of Fig.1a is as
follows for the case where no frictional resistance is exerted across the debonded interfaces (i.c.,
1=0 ). According to [7], the debonded interface will be fully open when d/w<0.24, and the
interface crack tip at the end of the debond is subject to mixed mode conditions, as will be
discussed further for the asymptotic problem below. For 0.24<d/w<0.71, the debond crack tip is
closed and therefore in a state of pure mode 2, but a portion of the interface near the main layer
crack is still open. For d/w>0.71, the interface is fully closed and the interface crack tip is in
mode 2. The top curve for the normalized mode 2 stress intensity factor in Fig. 8 applies to the
frictionless case. It was computed using the integral equation methods outlined in the Appendix
under the constraint that the interface remains closed. The results are strictly correct only for
d/w>0.71 (and are in agreement with the results of [7]), but are only slightly in error for smaller
d/w. The average crack opening displacement, 3, r~2ded for the tunnel crack calculations is
shown in Fig. 9 where the top curve again applies to the frictionless case.

The role of debonding on stress redistribution is seen in Fig. 10, where curves of the stress
ahead of the right-hand layer crack tip (normalized by the remote applied stress o) are plotted for
various levels of debonding, all for the closed interface with t=0. Debonding clearly has a

. significant effect on lowering the stress on the adjoining material just across the interface, more so

than for plastic yielding of a thin ductile layer discussed in connection with Fig. 5. For sufficiently
small d/w, the debonded interface is fully open and, moreover, the asymptotic problem for a semi-
infinite crack impinging on the interface applies, as depicted in the insert of Fig. 6. The stress
redistribution is plotted in Fig. 6, which shows that the stress ahead of the layer crack tip is
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reduced below the level in the absence of debonding over a distance from the interface equal to
one-half of the debond length d. This figure also makes clear that debonding appears to be more
effective in protecting the uncracked layer across the interface than plastic yielding of a thin ductile
adhesive layer.

As a digression, we record the mode 1 and 2 stress intensity factors for the open interface

crack tip for tihe asymptotic problem of Fig. 6:

K, K

+ =039 and T(l =0.322 )
The associated ratio of the energy release rate of the interface crack tip to that of a mode I crack
penetrating straight through the interface without debonding is 0.263 when both the deflected tips
and the penetrating tip emerge from the main crack tip at the same applied K. These results correct
results given in [9] which were in error for the case of the doubly-deflected interface crack. A
complete set of corrections of this energy release rate ratio for this case over the full range of elastic
mismatch across the interface will be included in an upcoming paper [10].

5. The Effect of Frictional Slipping on Debonding and Tunnel Cracking

Figs. 8 and 9 contain curves for the normalized mode 2 stress intensity factor and the
average crack opening displacement, respectively, in the plane strain problem for several levels of a
constant friction stress T relative to ¢ acting over the bonded interface. A constant friction stress,
as opposed, for example, to a Coulomb friction stress, has been used by a number of workers to
represent the frictional forces exerted across slipping interfaces in composites. The purpose of the
present limited study is to illustrate the effect of friction in establishing the extent of debonding and
its associated influence on the 3D tunneling energy release rate. Almost certainly, additional
studies will be required before a good understanding is in hand, including studies with other
friction laws. Some results for the effect of Coulomb friction on the mode 2 interface stress
intensity factor have been presented in [11].

Let K. denote the mode 2 toughness of the interface. Attention will be concentrated on the
behavior following initiation of interface debonding when the debond length, d, is sufficiently
large (i.c., greater than about w/4 ) such that the debond interface crack tip is in mode 2. Impose
the debonding condition, K2=K¢, on the solution presented in Figs. 8 and 9. The relationships
that result between the applied stress and the debonding length and the average crack opening
displacement are plotted in Figs. 11 and 12. The two nondimensional stress parameters in these
figures are the applied stress parameter, (0Vw)/Kc, and the constant friction stress parameter,
(vVw)/Kc . (Note that it is necessary to interpolate values between the curves of Figs. 8 and 9 to




arrive at the plots in Figs. 11 and 12, since a constant value of (tVw)/Kc does not correspond 10 a
constant value of ©/0.) In the range of d less than about w/4, the predictions are not expected to be
correct since the interface undergoes mixed mode debonding and not mode 2 debonding. Thus,
the details in the vicinity of the initiation of debunding are not correct. In particular, the value of
(cVw)/K¢ at which 3 begins to depart from 3g (see Fig. 12) would depend on the mixed mode
condition for debond initiation. But once debonding has progressed to the point that the interface
crack tip is closed, the mode 2 criterion is appropriate and the curves are accurate.

In the absence of friction the debonding process is unstable, since for a fixed ¢, K2 has a
maximum when d=w and then drops slightly to an asymptote as d increases further. Under a
prescribed G, the mode 2 debond would advance dynamically after it is initiated. In this sense, the
curves shown in Figs. 11 and 12 for 1=0 represent unstable debonding behavior. Friction
stabilizes the debonding process giving rise to a monotonically increasing debond length and
average crack opening displacement as the applied stress increases. A nondimensional friction
stress on the order of (tVw)/Kc=1/8 or more is required if friction is to be important.

The steady-state energy release rate for tunnel cracking can be computed from the curves in
Fig. 12 using (3). The results of this calculation are plotted in Fig. 13. As before, Ggg is
normalized by the value for a layer crack with no debonding given in (4). The remarks made
above with respect to accuracy in the vicinity of debond initiation apply to these curves as well. It
can be seen from Fig. 13 that debonding can indeed significantly promote tunneling cracking when
the nondimensional friction stress is less than about (‘h/w)/K¢=1/2.

6. Accounting for Residual Stress in the Cracked Layer

The role of an uniform residual tension, Oyy=OR, pre-existing in the layer that
subsequently undergoes tunnel cracking can be readily taken into account in the various results
presented above. For the purpose of discussion, now let Oyy=0A be the applied stress, replacing
the notation for © in the carlier sections. The results in Figs. 3-4, 7-9 and 11-13 apply as they
stand if ¢ in those figures is identified with co+OR. The results for stress redistribution shown in
Figs.5 and 10 can also be used with the following modifications. With ¢ identified with GA+OR,
the results in Figs.5 and 10 are correct for the change in Gyy in the layer ahead of the tip due to
cracking if the numerical value of the ordinate is reduced by 1. To obtain the total stress Gyy in the
layer in question, one must then add together the change and the stress Oyy existing in the layer
prior to the cracking event.
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Appendix: Numerical Approaches

Two integral equation formulations were used in the solution of the problems discussed.
Both methods have been used by various authors to solve related plane strain problems and, for
this reason, details of the methods will not be given. In some cases, results were generated using
both schemes as a check. The methods used for the problems fc e closed interface cracks at the
the ends of the finite length layer crack (see Fig. 1a) will be discu. - :d first.
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The integral equations in method 1 are formed by representing both the layer crack and the
mode 2 interface cracks by distributions of dislocations. With reference to Fig. la, let
bo(x)=-d8y/dx denote the amplitude of the dislocation opening distribution extending from 0 to w
along y=0, and let bs(y)=-ddy/dy denote the amplitude of the dislocation shearing distribution
along x=w extending from 0 to d. The condition that Gyy=0 along y=0 for -w<x<w can be written
as

I:H, (x,X' )by (x' )dx' +I:H2(Ly)b,(y)dy =-0 (AD)

where Hj(x,x") denotes the stress Oyy(x) along y=0 due to bo(x), with due regard for the
symmetry of this distribution with respect to x=0, and H2(x,y) denotes Gyy(x) due to bs(y), with
the appropriate four-fold symmetry on this distribution imposed. Similarly, the condition that
Oxy=-T alo~.g x=w between 0 and d (with the corresponding shear conditions met along the other
three legs of the H-crack) is

w d
JoHs 2% Yo (x ax + [ Ha(y,y Ibs (v My'= = (A2)
where H3(y,x') is Oxy(y) along x=w due to bo(x") and Ha(y.y") is Oxy(y) due to bs(y").

Method 2 makes use of the solution for the problem of four symmetrically placed
dislocations interacting with a traction free crack extending along the x-axis from -w to w. With
H(y,y') denoting the shear stress Gxy(y) along x=w between 0 and d due to bs(y"), with due
regard for the other three symmetrically placed dislocations, the single integral equation for by is

I:H(y.y' bs(y' My = -3y (¥) -1 (A3)
where o‘}, (y) is the shear stress along x=w due to the remote stress acting on the layer crack in the
absence of the interface cracks.

The kernels of the integrals above have Cauchy singularities. The dislocation distributions
can be obtained using several well known numerical techniques. Once the distributions are known
in either method, they may be used with other integral expressions to compute the stress
components at any point in the plane and the mode 2 stress intensity factor at the end of the
interface crack. For the cases in which K3 is nonzero, the distribution bg(y) has an inverse square
root singularity at y=d, while it diminishes with the square root of the distance from y=d for the
plastic yielding problems with K2=0. The solutions are not overly sensitive to having a precise
incorporation of the correct behavior of the dislocation distributions at the corner point at x=w on
y=0. A number of choices were made, including representations which built-in the correct lowest
order functional behavior near this point.
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The asymptotic problem for the semi-infinite layer crack and the mode 2 interface cracks
(see Fig.1b) was solved using method 2. Now, H(y.y') is the shear stress along x=0 between 0
and d due to just two symmetrically placed dislocations on x=0 at + interactng with a traction-
frec semi-infinite crack, and 63, (y) is the shear stress on x=0 due to the K-field in the absence of
the interface cracks. The second asymptotic problem discussed in connection with Fig. 6 in which
the interface crack opens is also solved using method 2, but here both shear dislocations and
opening dislocations must be used and the problem becomes a set of dual integral equations. In all
the cases involving method 2, the kernel functions H can be obtained in closed form using complex
variable methods of elasticity.
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Fig.1 Specification of the plane strain problems. ) Finite layer crack. b) Asymptotic problem.
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Fig.3 Relation between applied stress and height of the yielding zone in a thin ductile adhesive
layer.
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Fracture Resistance Characteristics of a Metal-Toughened Ceramic

Brian D. Flinn, Calvin ~ Lo, Frank . Zok.” and Anthony G. Evans*

Materials and Mechanical Enginecéring Departments, College of Engincering, University of California,

The fracture characteristics of an Al,0,/Al composite are
examined. Measurements of resistance curves and work of
rupture are compared with predictions of a micromechani-
cai model, incorporating the effects of crack bridging by the
Al reinforcements. The bridging traction law is assumed to
follow linear softening behavior, characterized by a peak
stress, 0., and a critical stretch-to-failure, «.. The values of
o, and u_inferred from such comparisons are found to be
broadly comsistent with independent measurements of
stretch-to-failure, along with the measured flow character-
istics of the Al reinforcement. The importance of large-scale
bridging on the fracture resistance behavior of this class of
composite is also demonstrated through both the experi-
ments and the simulations.

1. Introduction

THE toughening of ceramics and intermetallics by ductile
reinforcements has been comprehensively studied,' " and
has encompassed the range of materials indicated in Table I.
Three key factors regarding such toughening have emerged
from these studies as being in need of clarification and further
understanding: (i) the partitioning of the plastic dissipation
accompanying crack growth between bridging metal ligaments
and a process zone; (i) control of interface debonding and asso-
ciated relationships with the dissipation occurring within the
bridging ligaments; (iii) the incidence and importance of large-
scale bridging (LSB)" and the resulting relationships between
resistance curves, basic constituent properties, and the macro-
scopic load/deflection response of the composite. This article
addresses aspects of each of these issues through experiments
and analysis on Al,O, toughened with an Al/Mg alloy.

Experimental evidence presented for WC/Co® and ALOyAF
has indicated that both bridging and nonlinear process zones
can accompany crack growth and contribute to the crack growth
resistance. Trends in these two contributions with microstruc-
ture are predicted to be very different.” Consequently, it is
important to understand and model the separate contributions.
Calculations indicate that the dissipation is dominated by the
plastically stretching ligaments,” provided that the crack sur-
face tractions induced by the ligaments are relatively small
compared with the flow strength of the composite material
within the process zone. The explicit requirement for ligament
dominance is given by the inequality

Jo, Z 30, ¢))

where f is the volume fraction of the ductile material, o, is the
average crack surface traction generated by the intact metal lig-
aments, and oy is a measure of the flow strength of the compos-
ite. For Al,OyAl alloy composites with typical values of metal
concentration (f = 0.2), o, scales with the uniaxial yield
strength of the alloy,” o,, and is relatively low (~ 100 MPa),
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Table I. Ductile Reinforcement Toughened
Ceramics and Intermetallics

Matna Reintorcement Ret
ALLO, Al -4
B,C Al S
wC Co 6-9
TiAl Nb 10
MoSi. Nb .12
NiAl Mo. Cr 13
AIN Al 14

whereas o,. which is dominated by the elasticity of the matrix.*
is considerably larger (>500 MPa). Consequently, Eq. (1) pre-
dicts that the dissipation should occur exclusively in the bridg-
ing ligaments. This material system should thus provide a good
experimental test of the crack growth predictions based on
bridging.

The Al,OyAl interface is “strong,”™ but can experience duc-
tile debonding in constrained regions. It should thus be possible
in this system to examine the influence of controlled debonding
on the fracture resistance. Furthermore, such debonding is
expected to result in large-scale bridging Consequently, this
material also provides an experimental model for testing and
validating the LSB analyses™*' now available for predict-
ing effects of specimen geometry on the nominal fracture
resistance.

When fracture resistance is dominated by plastically
deforming ligaments, the stress/stretch function associated with
these ligaments, o,(«). is the key composite property. A major
obijective of the present study is the determunation of o(«) and
its rationalization in terms of the properties of the Al alloy rein-
forcements, as well as the interface debonding. In general. it
has been found that a linear softening traction law has applica-
bility to ductile phase toughened materials.> governed by

a, = ol — uu) 2)

where u is the crack opening displacement, and o, and u, are
constants to be determined either by experiment or bv calcula-
tion. Furthermore, o, should be a multiple of the uni . 1! yield
strength of the reinforcements a,. This formulation .. led to
the following explicit results for the crack growth rusistance
under small-scale bridging (SSB) conditions: (i) a steady-staie
toughness (I} given by’

L=T.a-0+ouf2 &)

where I, is the matrix fracture energy: and (ii) a resistance prior
to steady-state ([3,) given by*

T(da) =T (1 — f) + o fu.[1.66 — 0.1€* + 0.53¢")4
4)

where £ = Aa/L,, with Aa being the crack extension and L, the
crack growth at the onset of steady-state,

. = 0.37Eu_ /o, (5)
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where £ s Young's modulus for the composite. However. as
already noted. when large-scale bridging occurs. the nominal
resistance may deviate substantially from the SSB predictions.
This issue will be a major focus of the present study.

. Materials

Composites used in this investigaion were fabricated using
the method developed by Lange ¢r al.”" In this method. the
architecture of the metal is determined by the choice of a pyro-
lyzable precursor. The precursor (a polymer tiber telt) is packed
with a high-purity alumina (Sumitomo AKP-50) slurry by pres-
sure infiltration. After drying. the green body is slowly heated
10 burn out the precursor and then sintered at 1550°C for 30
min, leaving an interconnected network of channels. The as-
sintered Al.O, structure is visible on the channel walls. This
sintering schedule produces a fine-grained (—34 pm) ceramic
preform, with a relatively density =99% (exclusive of the chan-
nels) (Fig. 1(a)). The preform is then infiltrated with molten
Al/4 wt% Mg alloy, by squeeze casting. to produce the compos-
ite. The alloy had been heated to 780°C and squeeze cast at a
pressure of 170 MPa. The composite billets were typically ~30
mm in diameter and ~5 mm thick. Microstructural examina-
tion of the composite revealed a relatively uniform network of
randomly oriented cylindrical aluminum fibers. ~19 pm in
diameter. The metal volume fraction, measured by quantitative
metallography, was f = 0.28 (Fig. 1(b)).

The Al channels were devoid of porosity and were bonded to
the Al,O, matrix. The AlO, grain boundaries appeared devoid
of grain boundary phases, as ascertained in the transmission
electron microscope (TEM) using dark field. through focus and
the EDS X-ray technique. Bright-field TEM indicated no
detectable segregation and no interphase formation at the metal/
ceramic interface. The aluminum alloy was single phase with
magnesium in solid solution.

III. Measurements and Observations

(1) Mechanical Testing Procedures

Mechanical test specimens were cut from the composites.
surface ground with diamond-impregnated wheels, and notches
cut using thin (150 um) diamond blades. Polished surfaces for
crack length measurements were prepared using standard
metallographic techniques. Two types of mechanical tests were
performed to obtain the fracture resistance curves and the work
of rupture. Resistance curve measurements were made upon
polished, notched flexure beams (3.6 mm X 3.6 mm X 20
mm), in accordance with ASTM standards.** Specimens were

Vol 76. No. 2

prepared with notch depths o1 0.5, 1.0, and 1.5 mm. represent-
ing notch depth to specimen height ratos. a. W ot 0,14, 0.28.
and 042 Two flexure test procedures were used: (1) in st
inside a scanning electron microscope. and (21 within g suft
servohydrautic test trame (MTS Maodel 810y uning a raveling
optical microscope o measure crack lengths. Tests were con-
ducted at a displacement riate 0t 0.2 pm s,

The steady -state tracture properties were characterized using
work-of-rupture tests.” - This test involved imcasurement ot
the work required to stably propagate a crack across a chevron-
notched fleaure specimen. To ensure stable crack propagation.
the specimen width was twice the specimen height (“double-
width specimens™).” ™ Furthermore. a short precrack ¢~ 100
1) was introduced at the notch using a Vickers indentor with
a load of 200 N. Comesponding tests were conducted on fully
dense ALO. specimens. to allow the toughness enhancement
attributable to the metal reinforcements to be evaluated.

The flow properties of the bulk Al’Mg alloy were measured
from dog-bone tensile specimens machined from squeeze-cast
ingots. Hardness measurements were also made with a nanoin-
dentor on both the bulk Al/Mg alloy and the reinforcements
within the composite. in order to compare their flow properties.

(2) Fracture Observations

In situ and postfracture observations conducted in the SEM
provided insight into the crack growth mechanism. as well as
the plastic stretching of the Al ligaments. Observations per-
formed in siru. shown at four difterent crack openings in Fig. 2,
confirm the existence of a plastic stretching mechanism. Inves-
tigation of the resultant fracture surfaces by SEM revealed pni-
marily transgranular cleavage of the Al.O, and extensive plastic
deformation of the Al. The stretch-to-failure of ~60 ligaments
was measured using stereo measurements on SEM micro-
graphs. The Al ligament orientation was found to have a strong
effect on both the debonding behavior and the plastic stretch-to-
failure. Ligaments aligned perpendicular to the crack plane
(Fig. 3) exhibited debonding, on the order of the fiber diameter,
2R. and a large plastic stretch-to-failure: u /R = 3.5. Inclined
ligaments partiatly debonded (around that segment of the inter-
face experiencing normal tension, Fig. 4(a)) and failed at a rela-
tively small plastic stretch. Ligaments parallel to the crack
plane often debonded compietely and experienced negligible
plastic deformation (Fig. 4(b)). A summary of plastic stretch
measurements (Fig. 5) indicates a mean value, u /R = 2.9,
with a standard deviation of +0.9.

Closer examination of the debonded surfaces provided
insight into the debond mechanism and the role of matrix
microstructure. The ALO, side of the debonded interface (Fig.
6(a)) reveals the presence of a network of Al. The network cell

(b)

Fig. 1. (a) Ceramic preform. prior to metal infiltration. (b) Composite microstructure. after metal infiltration.
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Fig. 2. Brndging Al ligaments m the composite at four different crack openmgs Micrographs taken i vir under load

(b)

Fig. 3. ta) Composite Iracture surface in arca where fibers are aligned perpendicular to fracture surtace. 1by High-angle (85 ) tilt view allustrating
plastic stretching of ligaments.
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strabution of plastic stretch to-failure of - Al

stze 1s similar to that oi the matnix grains and the cell centers are
trequently sttuate riple-gran junctions on the ALO. sur-
tace. The debong. -retal exhibited a corresponding, distorted,
dimpled surface + :p 60b)). These observations indicate that
debonding occurred by a ductile process involving void nucle-
ation at tripie-grain junctions of the matrix surface. followed by
plastic voud growth and coalescence within the metal. near the
mtertace. This mechanism of interfacial fracture is consistent
with carlier studies which indicate that the ALOV Al interface is
“strong.

The eftect of matriv microstructure on debonding was
explored by heat-treating some of the AlLO, compacts at
1600°C for 30 h, to induce substantial grain growth in some
regions* and thus reduce the number of triple-grain junctions at
the channel surfaces. Atter anfitration and  fracture.  the
debonding in these regons was found to be neghgible (Fig. 7).
whereas the debonding in the fine-grained region was essen-
tially the same as that in the ongmal tine-grained composite (¢t
Fig. 3). The plastic stretch of the remtorcements in the coarse-
grained region was correspondingly lower, v R - 1

* These heat treatmaents prodoced abrotedad disteibition ot sran sizes aresalt o
abaotmal crain vrowth

(3)  Properties of Al Alloy

Tensile stress-strain curves tor the bulk Al Mg alloy (kg 8y
indicated a yield strength of - 70 MPa and an ultimate enstle
strength of 180 MPa. The reduction in area was approv-
mately 20 Nanoimnd-=tatton results at g load of 3 mN indi-
cated smufar haraness levels tor the bulk alununum: alloy
(1.1 = 0 1T GPw and tor the remntorcements m the composite
(03 2 0.2GPa. The relanvels large values of hardness tcom-
pared to the uniaxial yvield strengthy refiect the indentation
size effect that occurs in the nanometer range

(4)  Fracture Resistcnce

The resistance curves for the composite (Fig. 9) have three
charactenistic features: (i) an initial fracture resistance. K, 3
MPa-m' *_similar to the fracture toughness of the matnin, (i an
intermediate region wherein the fracture resistance increases
gradually. and (i) a tinal region 1in which the reststance
increases rapidly. TH Tatter region commiences at smaller crack
extensions for spe as with deeper notches. Such behavior s
charactenstic of lai o -scale bridging (1L.SB).

The work of rupture of the composite was W, = 30 = 50
J:m 7 and that of the fully dense ALO was W, = 25 - 3
J'm . The toughness enhancement. AW,. attributed to the
metal reinforcements,  reexpressed o the  nondimensional
form," "

x = AW o .R (6}
becomes
x =20=>03 (6h)

The steady-state fracture resistance. K . of the composite
can then be calculated using

K= (FW, )
where £ is the composite Young's modulus. Taking £ = 300

GPa. Eq. (7) gives the result K== H MPa-m' . significantly
less than the nomunal LSB fracture resistance measured at large
crack extensions (Fig. 9).

IV. Modeling

(1) Bridging Trvctions

The traction function. (). for the ductile Al hgaments was
obtatned using two methods. In the firste the function was
assumed to obey g hinear softeming faw (Eq. (21 Selection of

Processed similarly and having comparable gran sz
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Fig. 6. () View of debonded ALO surtace. with cell-Iike Al network centered around tmiple-grain junctions by View o debonded Al surtace.

with ductile dimples corresponding to the ALO- grimn wize

20 um

Fig. 7. Fracture surface of composite produced from Jarge-grained
ALQ, preform. Note the absence of debonding and the reduction in
plastic stretch
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Fig. 8. True stressistrain curves trom experimental data and calcu-
lated using the Voce law. "
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Fig. 9. Comparison of measured and computed fracture resistance
curves tor three notch depths, a0

the peak stress parameter, o . and the stretch-to-fatlure, u . was
based on the tollowing procedure: (1) The stretch-to-fatlure was
made to coincide closely with the SEM measurements (/R =
2). (i) The maximum stress was then selected such that the
computed R-curve (described in Section IV(2) for one of the
specimen geometries was in good agreement with the experi-
mental data. This fit specifies both o, and u, in Eg. (2). i) The
R-curves for the other geometries were computed and compared
with the experiments. As an additional consistency check. the
area under the normalized o1 curve was evaluated and com-
pared with the value of x obtained trom the work-of-rupture
tests (Eq. (6b)).

In the second method. the traction function was computed
using a geometric necking model™ by assuming cylindrical
bridging ligaments oriented perpendicular to the crack plane
(Appendix). The shape of the ligaments during deformation
was taken to be a paraboloid of revolution, with the nominal
stress computed from Bridgman's solution™ for a necking bar.
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Fig. 10. (a) Lincar softening stress/stretch relationships used in modeling of resistance curves and predictions of the geometric necking model for
various debond lengths. (b) Comparison of steady-state toughness enhancement from the geometric model and the experimental measurements.

This calculation requires a flow law for the Al ligaments appli-
cable at the large plastic strains that occur during rupture. The
commonly used Ramberg—Osgeond law typically overestimates
the flow stress at large strains, occause hardening is limited by
the development of a stable dislocation cell structure.' Conse-
quently, a more appropriate flow law at large strains is™

o =a(l — me ") 8)

where o, is the saturation strength, with m and n being coeffi-
cients that reflect the hardening. A fit of Eq. (8) to the data from
Fig. 8 gives the parameters o, = 300MPa, m = 0.75,andn =
5.8. The stress/stretch relationships for various debond lengths
and their influence on the toughness enhancement, predicted
using Eq. (8) in the geometric necking model (Appendix), are
shown in Fig. 10.

(2) Fracture Resistance

A cohesive crack model with linear softening has been used
(Eq. (2)) and solved by an integral equation method.™*' The
relevant geometric parameters are shown in Fig. 11. The model
considers a matrix crack of length a, growing from a notch of
length g, in a flexure specimen of width w. The bridging trac-
tions are denoted fo,(x), where x is the distance from the tensile
face of the beam. The applied load is represented by the stress,
a,(x), that would exist on the fracture plane in the absence of
the crack. represented by

o,(x) = 6M(1 — 2xiw)/w’b 9)

where b is the specimen depth and M is the bending moment.
The net tractions p(u) acting on the crack face are assumed to
follow a linear softening law of the form

pw) = foll — wu,) (10

Thereafter, the crack opening profile can be related to the
applied load by an integral equation,™”' which leads to an
expression for the stress intensity factor at the crack tip,

T

Fig. 11. Schematic representation of specimen geometry.

__2 H(x/a,alw) _
Kie = Toal 1= coay (00 ~ ptnlds (1l
Jmak, 1 - Way

where H is a weight function defined in Refs. 20 and 21. Using
the criterion for matrix crack propagation, K, = K|, (the matrix
toughness), the crack growth resistance hasTaecn simulated by
solving the integral equation for K., as elaborated below.

(3) Comparison between Theory and Experiment

Initially, the experimentally measured resistance curve for a
notch depth, a,/w = 0.28, was compared with predictions for a
range of 0./a,. Coincidence was obtained for o /o, = 2.12
(Fig. 9). Furtier comparisons for other notch geometries
(ap/w = 0.14 and 0.42), made using the same value of a./a,,
indicate good agreement over the entire range of crack exten-
sion (Fig. 9). In addition, the steady-state toughness enhance-
ment calculated from the linear softening traction law (x =
2.1) is in accord with the value measured from the work-of-rup-
ture tests (x = 2.0 = 0.3). The consistency between the vari-
ous measurements and predictions provides confidence in the
utility of the linear softening traction law, as well as the key
material parameters, o, and u,.

A discrepancy that arises from the comparison between mea-
surement and calculation is concemmed with the predictions of
the geometric necking model. The model predicts a peak stress
and a toughness enhancement consistently higher than those
found by experiment for debond lengths that give the appro-
priate range of u/R (Fig. 10). Notably, the peak stress should
not be lower than the (unconstrained) ultimate tensile strength
of the Al alloy (o, = 2.60,). Yet, a lower value of the peak
stress is inferred from the resistance curves (o, = 2.1g,). The
discrepancy is believed to be attributable to the random orienta-
tion of the ligaments, which significantly lowers the limit
load.™ This effect, in turn, reduces the steady-state toughness
enhancement associated with the metal reinforcements.

V. Conclusion

The close comparison between theory and experiment
revealed by the present study has several implications. The pri-
mary mechanism of toughening by ductile reinforcements can
now be confidently attributed to plastic dissipation by stretch-
ing between the crack surfaces. Consequently, the important
microstructural variables can be defined and evaluated, espe-
cially the requirement for controlled debonding.

The importance of large-scale bridging in metal/ceramic
composites has been vividly demonstrated. A major implica-
tion of LSB is that the very large specimens required to satisfy
semi-infinite specimen geometry assumptions are impractical
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and would hinder the development of new malterials. Further-
more, it is anticipated that applications for these composites
will be in small, complex components. for which the fracture
resistance measured from semi-infinite specimens would be of
little use. The approach outlined here demonstrates a practical
alternative wherein determination of the stress/stretch relation-
ship of the ductile reinforcements from tests conducted on
small, simple specimens combined with computer modeling
allows the prediction of fracture resistance behavior of finire-
sized components.

Finally. it is apparent that a traction law applicable to com-
posites reinforced with randomly oriented metal channels can-
not be simulated using simple geometric models of necking
ligaments. Experimental evaluation of this law is preferred.

APPENDIX

‘The effect of debond length on the stress/stretch relationship
for a bridging ligament is estimated using the geometric model
described by Mataga.™ Here, the ligaments are taken to be
cylindrical in shape and oriented perpendicular to the crack
plane. Debonding is assumed to occur instantaneously (at u =
0), such that the debond length, d. remains fixed during stretch-
ing. The profile of the ligament is assumed to be described by a
paraboloid of revolution. The minimum ligament diameter, 2r,
and the local radius of a curvature are then evaluated in terms of
the crack opening displacement by requiring the volume of the
ligament to remain constant. This leads to an expression for the
crack opening in terms of the current ligament geometry,

wR = 2d/R)(1 — 4p/3 + 8p/15)~" — 1] (A-1)
where
p=1-rR (A-2)

The nominal stress depends on the current load-bearing area of
the ligament (as manifest in the parameter p), the work harden-
ing behavior of the metal, and the plastic constraint resulting
from the ligament profile. Utilizing Bridgman’s solution for
the average nominal stress in a necking bar leads to the result

ola, = (1 — pI[1 + HIRp(l — p)]

X In [1 + p(1 — p)R*A?] (A-3)
where 2h is the current “gauge length” of the ligament,
2h =2d + u (A-4)

Combining these results with the flow law for the Al alloy (Eq.
(8) in the text) gives the o,(u) predictions plotted in Fig. 10(a).
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The current interest in tough, high-temperature materials
has motivated tiber coating development for brittle-matrix
composites with brittle reinforcements. Such coatings are
needed for controlled interface debonding and frictional
sliding. The system investigated in this study was sapphire
fiber-reinforced alumina. This system is thermochemically
stable for severe use conditions, exhibits little thermal
expansion mismatch, and utilizes the excellent strength and
creep resistance of sapphire reinforcements. Porous oxide
and refractory metal coatings which satisfy requirements
for toughness improvement in these composites were identi-
fied by employing a variety of newly developed mechanical
testing techniques for determining the interfacial fracture
energies and sliding resistances.

1. Introduction

HE mechanical requirements for fiber coatings in brittle-
matrix composites are reflected in two properties:'”
debonding and sliding. These properties are manifest as an
interface debond energy, I';, and a stress to cause sliding along
the debonded interface, T. A prerequisite for good composite
strength and toughness is that a debond criterion be satisfied,
wherein the debond energy relative to the fiber fracture energy,
T, satisfy I',/T"; < 1/4.* Control of sliding is needed to ensure a
notch-resistant material, such that T = 100 MPa. Larger values
result in high stress concentrations on fibers around notches and
lead to notch-sensitive materials.® Coatings of C and BN meet
these criteria, but both are susceptible to oxidation. Conse-
quently, when SiC fibers are used, and when matrix cracks are
present, oxidation embrittlement is encountered because the
fiber oxidizes to form a silicate layer that violates debonding
requirements.® Other coatings are thus :zsirable for high-tem-
perature applications. The present stusJy exz:nines some alter-
native fiber coating concepts, with em~h#sis on coatings for
oxide fibers, such as sapphire, which are not subject to the
above oxidation problem.
Debonding of sapphire fibers* requires coatings with a
debond energy I', = 5 J-m~2. Few high-temperature materiais
have intrinsic fracture energies small enough to satisfy such a
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requirement. Potential options are oriented micas."' some
amorphous oxides,” and fugitive coatings which are removed
after composite consolidation.' However, the amorphous coat-
ings have limitations governed by viscous flow at elevated tem-
peratures, plus reaction with Al,O,. Two alternative concepts
are explored in this article: (i) porous oxide coatings and (ii)
coatings that form “weak” interfaces with Al,O,. The first con-
cept recognizes that porosity generally decreases the fracture
energy of brittle materials, such as oxides.'' Consequently, cer-
tain porous oxide coatings may be able to satisfy debonding
requirements for sapphire fibers, by allowing debonding within
the coating itself. The second concept is based on the expecta-
tion that certain nonoxide coatings may allow interface debond-
ing.> While most such interfaces have relatively high fracture
energies ([, > 10 J-m~2),>'>" larger than that required for the
debonding of sapphire fibers, preliminary evidence has sug-
gested that certain refractory metals provide suitably low
values.’

An effective coating should have the attribute that it does not
degrade the strength of the fibers. Consequently, coatings that
either react with or dissolve the fibers are usually unacceptable.
This thermochemical requirement further limits the potential
set of coating materials. Various refractory materials that
exhibit known thermochemical compatibility with Al,O, at
1500°C have been evaluated (Table I), plus C, Y,0,, and the
refractory metals, Mo, W, Cr, and Zr. The latter are still suscep-
tible to oxidation, but in conjunction with oxide fibers, it is
hoped that the composite system would have good durability in
oxidizing atmospheres, superior to either C or BN coatings on
SiC fibers.

II. Approach

The overall approach used to identify viable fiber coating
concepts is illustrated in Fig. 1. Planar geometries readily ame-
nable to processing and testing are used to screen candidate
coating materials. The associated test procedures include a
Hertzian indentation technique' and a mixed-mode flexure
test' (Figs. 1(a) and (b)). For coatings that exhibit debonding,

"This concept is being explored at Corning Incorporated. by K. Chyung.

n)olls gﬂqu 2Apnl 16, 1992 (Symposium on Ceramic Matrix Composites, Paper
74- )
'mﬂed by the Defense Advanced Research Projects Agency under Contract
No. MDA 972-90-K-001.
*Member, Amencln Ceramic Society.
*F, = 12-20 }-m ?, depending on the fracture planc.’
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Tablel. Some Materials Thermochemically Stable with ALO,
at 1500°C
Material Ref. Remarks
v-TiAl 29 Al O, dissolves
Nb 30 Al O, dissolves
NiAl 31
Zr0, 32
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the fracture energy. I',, may also be determined from these
tests. The subset of coating matenials that satisfy fiber debond-
ing requirements is then used to address composite perfor-
mance. For this purpose. sapphire fibers are coated and
incorporated into a brittle matrix. Beam specimens are cut from
the consolidated plate (Fig. 1(c)). with the fibers oriented along
the beam axis. Tensile and/or flexural tests are then used to
assess the interaction of a crack with the coated fibers and to
obtain information about the sliding stress. 7. The magnitude of
1 is ascertained from a measurement of the crack opening dis-
placement as a function of the applied load.' Such tests also
permit measurement of the fiber pull-out length, . and the fiber
fracture mirror radii.'” ' The latter yield a direct estimate of the
in situ strengths of fibers, S." The magnitudes of § and A. in
turn, give another estimate of 7, and thus provide a useful con-
sistency check. In addition, T can be obtained from fiber push-
through tests (Fig. 1(d)).™* In the present study, a combina-
tion of the above tests is used to assess coating concepts for sap-
phire fibers in polycrystalline AlQ,.

III. Experimental Procedure

(I) Processing

The coatings were deposited either by evaporation, sput-
tering, chemical vapor deposition, or sol-gel methods. For the
planar geometry, coatings were deposited on two surfaces,
each representing either the fiber or matrix component of the
composite. Bonding was then conducted by hot pressing at
homologous temperatures (for the coating material) in the range
0.4 < T/T, < 0.7. Consequently, the system experienced a
thermal cycle analogous to that expected for composite pro-
cessing. Specimens containing fibers were produced by sputter
or evaporation coating sapphire fibers and incorporating them
into powder matrices, using hot pressing to achieve
consolidation.

(A) Coating Deposition: Oxide “sol-gel” coatings were
produced from liquid precursor materials. A spin coating appa-
ratus was used to deposit the coatings onto the planar substrates
used for diffusion bonding. The coated substrates were then
heat-treated in air to temperatures suitable for pyrolysis of the
precursor, typically below 1000°C. During pyrolysis, the film
ts converted to an oxide. Subsequent iterations were used to
increase the thickness of the coating.

Sputtered coatings were deposited onto sapphire disks and
fibers (Saphikon single-crystal sapphire fibers) in an rf diode
sputtering unit. The sputtering targets used in most cases were
high purity (=99.9%): only the W target had a lower purity
(~99.5%). Oxide coatings were deposited by reactive sput-
tering using a 50%—50% mixture of research-grade argon and
oxygen at a total working gas pressure of 6 mtorr. The interme-
tallic compounds were produced from dual opposed targets of
the pure elements. Both the refractory metal and intermetallic
coatings were deposited in an atmosphere comprised of
research-grade argon at 6 mtorr working gas pressure. The top
and bottom target voltages were maintained at 3 and 0.5 kV,
respectively. Fibers were rotated during coating at ~1 rpm.

Submicrometer-thick Mo coatings were deposited onto sap-
phire fibers using an electron beam evaporator and a high-
purity target. A glow discharge cleaning procedure was used
prior to coating the fibers. Deposition was carried out at rela-
tively high vacuum (<10~° torr), with the fibers rotated at ~ 10
pm.

The carbon coatings were produced by a low-pressure chem-
ical vapor deposition technique in which methane was mixed
with research-grade argon carrier gas in a tube furnace. Flow
rates of 10 cm*/min, for the methane, and 100 cm*/min, for the
argon, were used. Throughout deposition. the furnace tempera-
ture was maintained at 1200° to 1300°C.

(B) Bonding and Consolidation: For experiments to be
conducted with planar configurations, three different AlO,
materials were used: (i) (0001) sapphire: (ii) a high-purity poly-
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crystalline matenal: and (i) a low-punty matenal (Coons
AD-995 and Coors AD-96 substrates. respectively). The test
specimens were produced by diffusion bonding. using a proce-
dure described elsewhere . Bonding at 7T, = 0.5 allowed
coatings to be produced with relative density levels in the range
065w1.

Tests on coated sapphire fibers were conducted atter incorpo-
rating into a high-punty {99 9%) polycerystalhine A1LO. matrin.
For this purpose. submicrometer Al.O, powder (AKP-50 with a
particle size of ~0.2 um obtained from Sumitomo Chemical
Co.. Ltd.) was isostatically cold-pressed into two thin disks ~§
cm in diameter. These disks were then sintered in air at 1500°C
for 2 h. A row of coated fibers and loose powder were placed
between the disks. the assembly inserted between dies and vac-
uum hot-pressed at 1500°C for 2 h subject to an axial pressure
of ~2 MPa. These consolidation conditions resulted in an
essentially fully dense matrix.

(2) Testing and Analysis

(A) Mechanical Behavior: The Hertzian indentation and
mixed-mode flexure testing procedures used with planar speci-
mens have been described elsewhere."'* The flexural tests
required precracking. This step was conducted in three-point
flexure. using a row of Knoop indentations along the tensile
surface to control the crack pop-in load and. hence, the extent
of the precrack along the interface.

The tests used with the specimens containing fibers have
been performed using a combination of fiber push-out and pull-
out techniques. The fiber push-out technique has been
described previously.™ The fiber pull-out tests required that
chevron notches be machined into beams containing single
fibers (Fig. 1(¢)). This notch geometry ensured stable crack
growth through the beam upon flexural loading. The crack was
grown until the crack front passed below the fiber. This
occurred with a small crack opening. which induced some fiber
debonding and sliding. After precracking, the beam was sup-
ported and the remaining matrix ligament mechanically
removed. This procedure created a specimen consisting of two
blocks of matrix material bridged by a single fiber, amenable to
tensile testing. Tests were conducted in situ in a Hitachi 2100
scanning electron microscope (SEM) to permit measurement of
the crack opening displacement and the corresponding tensile
loads. These measurements may be used to evaluate the sliding
resistance, 7.'*

(B) Analytical Techniques: Specimens for scanning elec-
tron microscopy were prepared using standard metaliographic
techniques. Carbon-coated samples were examined in a JEOL
SM 840 SEM in secondary mode. The microscope was
equipped with a Tracor Northern TN 5500 system. Samples for
transmission electron microscopy (TEM) were prepared by
grinding wafers to a final thickness of approximately 100 um
before cutting 3-mm-diameter specimens. These were subse-
quently dimple-ground and ion milled to electron transparency
with Ar at 5 kV and | mA at 14° incidence angle. The samples
were examined at 200 kV in a JEOL 2000FX TEM equipped
with a LINK eXL high take-off angle energy dispersive spec-
troscopy system. Computer simulations and indexing of
selected area diffraction (SAD) patterns were facilitated by the
Diffract software package (Microdev Software, Hillsboro, OR
97124).

IV. Coating Characterization

(1) Oxides

For the oxide coatings. a range of porosities was generated,
as illustrated in Fig. 2. At the equivalent bonding cycle, the
thinner, sol-gel coatings had lower intercoating porosity than
the sputtered coatings, whereas the porosity at the interface was
similar for both. In all cases, the grain size was about equal to
the coating thickness. The most notable features found by TEM
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Hot Pressed Specimens with Fibers
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Final Coating

Selection

Fig. 1. Approach adopted to identify viable fiber coating concepts for brittle-matrix composites, consisting of developing testing procedures to
evaluate the debonding and sliding propensities of various coatings on sapphire.

were bend contours in the sapphire caused by residual strains™
(Fig. 3). For unstabilized ZrO, coatings, extensive straining in
the sapphire was apparent, as well as microcracks within the
coating (Fig. 3(A)). This effect diminished with decreasing
coating thickness (Fig. 3(B)). Selected area diffraction indi-
cated that the ZrO, was monoclinic and the strains are attributed
to the tetragonal-to-monoclinic phase transformation. For ZrO,
coatings partially stabilized with 3 mol% Y,0,, the tetragonal
phase was retained and the intensity of the strain contours
diminished (Fig. 3(C)). However, some residual strain per-
sisted, attributed to the thermal expansion mismatch between

ZrO, and Al,O,. Such strains appear to be an inherent problem
with oxide coatings, potentially leading to fiber strength degra-
dation (Appendix).

(2) Refractory Metals

For the refractory metal coatings, thin foil cross sections for
TEM were difficult to produce, because of debonding. How-
ever, for Mo, results have been obtained in two cases: (a) a thin
(0.7 wm) evaporated coating with the high-purity Al,O, matrix
and (b) a thicker (>3 um) spustered coating with the lower-
purity Al,O, matrix. For the former, the coating appeared to
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Fig. 2. Zr0) coating sapphire intertaces produced by the toliowimg dittusion bonding schedules cA <ol gel coating dittusion bonded at 1300 C tor
12 hwith an apphied Joad of 1 MPa 0B sputtered coating dittusion bonded at 13000 C lor 12 h waith anapplicd load ot 1 MPGCorspattered coa

ing dittusion bonded at 13060 C tor 38 h wath an applied load of - 3 M

have some discontinuity thig. 3tA ., but otherwise survived the
consohidation. These discontnuities. which are induced by dit-
tusion. are tvpical for thin, polversstalhine tilms. ™ EDS analy -
sis was unable to detect either Moan the ALO.or Alin the Mo
For the latter. a relatively thick ¢ 300 nm dense polyvervatal-
hne MoQ. phase was tound at the sapphire interfuce (Fig.
4B Inaddition. an amorphous silicate phase was observed at
the MoO. Mo intertace that presumably resulted trom viscous
fHow of the silicate trom the polverystalline A1LO. into porosity
at this interface.

The Mo coatings were also investigated by SEML afrer
debonding. For sputtered coatings, oxide particles Gdentified
as MoQ;) were found to be attached to the sapphure in regions
where debonding occurred between the Mo and sapphire. X-ray
diftraction of the debond surface contirmed the presence of
MoQO. on the sapphire. Shallow ridges were also apparent on
the sapphire side of the debond surface, having spacings com-
parable to the grain size in the metal (Fig. S(A)). These ridges
are believed to form at grain boundaries. by ditfusion during the
bonding process, as equilibrium dihedral angles are estab-
lished. Small impressions were evident on the Mo side of the
debonded surface between Mo and the higher-puritv: ALO,
Fig. 6). having dimensions which coincide with the ALO,

grain siz¢. These are believed to have formed by detormation of

the Mo during diffusion bonding.

(B)

Unstabilized ZrO,

The spuitered Cr coatings exhibited sinular teatures. A thin
polyerystalline chronnum oade 200 nm thick) was attached
to the sapphire (Fig. 7h. with the remainder of the coating being
Cr. Apalvsis by EDS indicated no Cran the ALO and only truce
amounts of Al the chromium ovide. Sclected area ditfraction
patterns estublished that the chromium oxide was Cr.O.. and
significant porosity - existed at the metad onade  tertace.
Debonding was evident. occurring between the metal and ats
oxide layer.

The sprgrered W ocoatings on sapphuse exhibited pronounced
ridges on the sapphire side of the debond surface (kg ScBn
These have been associated with Fe- and Cr nich gramn bound-
ary impunty phases. ongmating in the sputterning target. The
resulting degradation ot the sapphire. evident tn Frg. S(B),
illustrates the importance of selecting chenncally stable coat-
ings. Simular features were observed at C ALO intertaces dit-
tuston bonded at high temperatures ¢ - 1400°C) under high
vacuum ¢ - 10 " torry. For this system. the nidges are attributed
to the formation of an ALC . reaction product.

Studies of the as-spurtered Mo and Cr films, using WDS and
X-ray diffraction. revealed an oxide surtace faver. In addition.,
there was an oxide laver adacent to the sapphire. identitied by
peeling the coating from the substrate. These indings indicate

Fig. 3. (A) Extensive bend contours in the sapphire when unstabilized ZrQ). sputtered coatings were used. It s beheved that the contours result
trom stran in the bber due to the -+ m-Zr(). phase transtormation. 1B The bend contours in the sapphire decrease with coating thickness for the
unstabilized sol-gel ZrO). coating. (C) The extent of bend contours was turther reduced when thin stabilized sol-gel Zr(). coatings were used. The
remaining stresses are beheved to result from CTE musmatch across the well-bonded intertace
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»Sapphire

Fig. 4. (A) TEM micrograph showing the discontinuous submicrometer Mo coating on a sapphure tiber in the high-punity ALO. matrin. (B) TEM
micrographs of a ditfusion bonded Mo sapphire mterface with the fower-punty ALO A continuous MoO. phase occurs adjacent to the sapphire and
an amorphous sihicate phase exists within the intertactal pores between Mo and the MoQ) . phase

that the oxide phase 1s imtially deposited on the sapphire sub-
strate during sputtering and that a surface oxide forms subse-
quent to deposition. prior to ditffusion bonding.

V. Mechanical Measurements

(1) Debonding

Preliminary experiments conducted on planar specimens
with a spherical indenter provided information about the inci-
dence of debonding at a 30° crack inclination to the interface.
From such experiments. it was established that most diffusion-
bonded coatings formed high fracture energy interfaces. Only
the coatings consisting of Mo. W. Cr. Zr. and C debonded con-
sistently. Coatings of ZrO. and Y.ALO,. were found to exhibit
vanable debonding tendencies. Coatings of Nb, y-TiAl. and
NiAl did not debond. Furthermore. from the list of promising
coating materials. several were observed to chemically react
with the sapphire during diffusion bonding. The only coating
materials from this set which were found to be chemically sta-
ble with sapphire above 1300°C and to reliably debond were

‘Formed by chemical reaction during bonding with Y. coatings

Mo. Cr. porous ZrO,. and porous AlO.. Further studies were
contined to these materials. The refractory metals would obvi-
ously oxidize during service. The effects of oxide tormation on
coating performance would need to be further studied. In at
least one instance. for Mo, coating oxidation can be beneticial,
as discussed in Section V(2).

The debonding propensity of the refractory metal coatings
was observed to vary with the purity of the Al.O.. When either
sapphire or sapphire plus high-puriry polycrystalline ALO, was
used. debonding occurred consistently with I', = 4 J-m - for
Mo and 2-3 J-m - for Cr. Furthermore. as already noted. the
debonding occurred at the interfaces between either Mo/ALLO.
or Mo/MoQ. and Cr/Cr,0.. Conversely. when the impure AlLO,
was used. debonding was not observed in the Hertzian indenta-
tion test. implying a lower bound for I', of ~16 J-m -.* This
behavior is attributed to the silicate phase found at the
Mo/MoO. interface. which seemingly forms a strong bond™*
and increases I, for that interface. In addition. as already noted.
MoQ, appears to bond well with sapphire.

'This lower bound is I” = 0 817, corresponding to a crack intertace mnclinanion
of 30°, with ', = 20)-m ~

Fig. 5. (A) Shallow ridges observed on the sapphire surface of a Mossapphire diffusion couple upon debonding. (B) Pronounced ridges on the
dehonded sapphire surface when an impure W coating was used. The grain boundary impunty phase is composed of Fe and Cr.
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. . 4 high-
. 6. Mo coating conforming to the surface features of a higl
:ui:ily polycrystalline Al,O, substrate during diffusion bonding.

The results for the oxide coatings were found to be sensitive
to the coating porosity. The dense coatings. which have a‘mla-
tively high interfacial fracture energy, debond along the inter-
face. But debonding only occurred when the crack approached
the interface at a shallow inclination. Conversely, the coatings
having the lowest relative density (p =~ 0.65), exhibited a rela-
tively low interfacial fracture energy. I', = 5 J-m~?, and
debonded within the coating, at all crack inclinations. Such
debonds exhibit fracture surface features typical of those for
porous ceramics.'' These debonding tendencies are rationalized
by using the coating density, p, as a plotting variable against the
ratio of the interfacial fracture energy to sapphire fracture
energy /T, (Fig. 8(A)).

The debonding results obtained for all of the above coatings
can be displayed on a debond diagram, relevant to sapphire
fiber-reinforced brittle-matrix composites (Fig. 8(B)).

Fig. 7. Cr/sapphire diffusion bond containing a Cr,O, phase adjacent
to the interface.
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Fig. 8. (A) The relative density of oxide coatings plotted as a func-
tion of I' /T, clarifies the role of coating porosity in the debonding pro-
cess. (B) A summary of the interfacial fracture energy measurements
for various coatings on sapphire is presented on a “debond map.” Coat-
ings which fall within the fiber debonding regime of the map have some
potential for sapphire fibers. However, coatings denoted by ® were
found to chemically react with sapphire; these were precluded from fur-
ther consideration.

(2) Sliding Resistance

For porous oxide coatings on sapphire fibers in a polycrystal-
line Al O, matrix, single-fiber tests revealed small fiber puli-out
(Fig. 9). Debonding resulted in 2 monolayer of the oxide parti-
cles attached to the fiber that remained throughout the sliding
process (Fig. 9). These particles are believed to act as asperities
that resist sliding, resulting in a relatively large sliding stress, 1.
This stress was estimated from the pull-out length and the frac-
ture**'* mirror radius to be ~140 MPa (Table Il). A similar
value was obtained from fiber push-out measurements. This
value of 7 is larger than that required for optimum composite
strength and toughness.

The refractory metal coatings debond readily during single-
fiber pull-out tests, but the coating is plastically deformed. This
deformation occurs because the coating conforms to both the
matrix and the fiber during consolidation and results in prohibi-
tively high sliding resistances, such that littie fiber pull-out
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Fig. 9. A porous oxide interface led to fiber pull-out of a few fiber
diameters. Oxide particles were observed to sinter to the sapphire fiber
and remained attached during pull-out. The fracture mirror on the tiber
is also visible.

occurs (Fig. 10). Similar behavior is found during push-out
tests (Fig. 11(A)). which also indicate a high sliding resistance.
1= 120 MPa (Fig. 13).

A reduction in the sliding resistance for Mo-coatd tibers has
been achieved by removing the coating., after C.amposite consol-
idation. to leave a gap between the fiber and the matrix. This
has been accomplished by heating the composite in air’
(1000°C for 2 h). The surface roughness of the tiber and the
matrix then provide the sliding resistance. For coatings some-
what thicker than the asperity amplitude on the fiber (~1 pm).
the sliding resistance obtained from crack opening displace-
ment measurements in single-fiber pull-out tests is found to be
small (1 < | MPa), with large associated pull-out lengths (Fig.
12). This sliding resistance is too low for the requisite combina-
tion of strength and toughness in the composite. For thinner
(~0.7 pm) coatings, push-out tests indicate a sliding resistance
within the requisite range. 7 = 20 MPa (Fig. 13). with no evi-
dence of wear mechanisms on the fiber surface (Fig. 11(B)).

V1. Concluding Remarks

The debonding and sliding properties of various coating
materials on sapphire fibers have been evaluated. In general,
most materials bonded well to sapphire. The notable exceptions
were certain refractory metals (such as Mo. Cr. and W) which
formed low fracture energy interfaces with sapphire. Several
factors may be responsible for the low debond energies: poros-
ity at the interfaces. oxygen dissolved in the metal (that sup-
presses plastic dissipation).'* and the formation of a metal oxide

‘Because Mo forms volatike oxides

Tablell. Sliding Stress with Porous Alumina Interface

Fracture mirror In st fiber Pullout Stiding
radius, a,, strength, $° length. stress, ¢
(um) (GPa) h (MPa)
(pm)
27 1.68 193 142

*s = }.SCK‘/\/u—m). where K 1s the fiber toughness (- 2.5 MPay '™ 1 = Str2hy,
where ris the sapphire fiber radis
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(MO or Cr.O0 7 7 A systematic study would be needed 0
wdentity the cnitical tactortsy

Onide coarmgys . which torm strong interfuces with sapphire.
can also be useful debond coatings. provided that they contain a
stgniticant amount of porosity subsequent o composite consoli-
datton. The porosity 1n these coatings provides a low tructure
energy path causing debonding within the coating. The pracu-
cal problem of ensuning coating porosity may be approached by
incorporating a second phase material. such as collmdal graph-
te. into the coating and removing it after the composite i
consolidated.

The sliding charactenstics of the »arious intertaces were also
investigated. The shiding resistance obtained on intertaces pro-
duced with refractory metal coatings is apparently too high for
significant fiber pull-out. because the coating deforms during
sliding. However. for coatings such as Mo, which form volatile
oxides. the intertacial sliding resistance can be signiticantly
reduced through coating removal by heat treatment in air. Fugi-
tive carbon coatings also have this atribute.” but were not used
in this study because the carbon reacted with the sapphire in the
diffusion bonding experiments. It is recognized. however. that
altering the processing conditions could eliminate this problem.
Once the coating has been removed. the fiber surface and
matrix roughness provide the sliding resistance needed for foad
transfer. The resultant svstem is also oxidatively stable. The
coating thickness relative to the fiber and matrix roughness
amplitude is now a key parameter.” An optimization study is in
progress.

The sliding resistances of oxide coatings examined in this
study were also unacceptably high. because of the undulating
debond trajectory. It is believed that 7 can be reduced if the
grain size and porosity of the coating are carefully controlled.
Further studies of the effect of debond surface irregularities on
the shding behavior are needed to address this issue.

Fiber strength degradation is another concern for oxide coat-
ings. When reaction products with the fiber coating are
avoided, potential sources of fiber strength degradation persist.
including residual strain (Fig. 3) and undulations produced on
the fiber surface by diffusion (Fig. 5). Some basic characteris-
tics are amenable to analysis (Appendix). The predictions (Fig.
14) indicate that m-ZrO, coatings are unacceptable because, for
typical coating thicknesses (4 = 0.1-1 um). the large mismatch
stresses caused by the transformation lead to fiber strengths
below the acceptable limit for high-performance applications
(§ < 1 GPa). Furthermore, coatings such as YAG with a mis-
match governed by thermal expansion are also predicted to
cause an unacceptably low fiber strength (§ < 2 GPa). unless
the coatings are thin (A < 3 um). A general implication is that

Fig. 10. Short tiber pull-out lengths were observed when Mo coat-
ings were used.
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Fig. 11. The surfare morphology of the pushed-out sapphire fibers
was found to change when the Mo coating was removed by oxidation:
(A) as-hot-pressed condition: (B) heat-treated condition.

oxide coatings. which typically bond well to sapphire. are a

possible source of fiber strength degradation. The extent of

degradation is diminisred by thin coatings and small thermal
expansion mismatch. Also. porosity in the coating tends to alle-
viate the degradation problem.

APPENDIX
Fiber Degradation

When the coating is in residual tension caused by thermal
expansion misfit, the coating cracks before fiber failure and
miay cause a degradation in fiber strength. When this crack pen-
etrates into the fiber, the stress intensity factor, K. for a crack
of depth g associated with the residual field from the coating

iSH

Ko = L1Egh/  ma(l = v)

= |.lo,h/ Ta (A-1)

Vol Te o Ne 3

Fig. 12, Long nber pull-out can resubt when thick « 6 umi Mo coat
nes are removed by oadation
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Fig. 13. Fiber push-out curves reveal that the interfacial sliding
resistance was decreased to an acceptabie level by removing the submi-
crometer thick (0.7 wm) Mo coating from the interface.
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sapphire fiber: p is the coating density. It is assumed that the uncoated
fibers have a strength S, = 2.5 GPa.
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where €; is the misfit strain. h the coating thickness. E_ its

Young's modulus, v its Poisson’s ratio. and g,, the misfit stress.

The applied stress o also induces a stress intensity
K=1llo\ma (A-2)

By adding the K's and equating to the fracture resistance of the
fiber, the stress/crack length relation becomes

=09 % - ‘;—: (A-3)

Differentiating Eq. (A-3) and setting dovda = 0 for the maxi-

mum, o, gives a fiber strength,
S=o0,. = 02ET /0,h) (A-4)

This result applies when S is smaller than the strength §,, of the
uncoated fibers. Fiber strengths as a function of coating thick-
ness for a range of dense and porous oxide coatings are plotted
in Fig. 14.

Acknowledgment: We wish t0 acknowledge Dr. M. De Graef for help-
ful discussions and the TEM micrograph shown in Fig. 4(A).

References

‘J. Aveston. G. A. Cooper. and A. Kelly. Properties of Fibre Composites. IPC
Science and Technology Press. London. U.K.. 1971,

’D. B. Marshall and A. G. Evans. Overview No. 85. “The Mechanical Behav-
ior of Ceramic Matrix Composites.” Acta Metall. Muter., 37 [10] 2567-83
(1989).

'D. B. Marshall. B. N. Cox. and A. G. Evans. “The Mechanics of Matrix
Cracking in Brittle-Matrix Fiber Composites.™ Actu Metall. Mater.. 33 [11]
2013-21 (1985).

‘M. Y. He and J. W. Hutchinson, “Crack Deflection at an Interface Between
Dissimilar Matenals.” Ini. J. Solids Struct.. 28, 1053-67 (1989).

*A. G. Evans, F W. Zok. and J. B. Davis. “The Role of Interfaces in Fiber-
Reinforced Brittle Matrix Composites.” Compos. Sci. Technaol.. 42, 3-24
(1991).

°H. C. Cao. E. Bischoff. O. Sbaizero. M. Riihle. A. G. Evans, D. B. Mar-
shall. and J. ). Brennan. “Effect of Interfaces on the Properties of Fiber-Rein-
forced Ceramics.” J. Am. Ceram. Soc.. 73, 1691 (1990).

’S. M. Weiderhomn. “Fracture of Sapphire.” J. Am. Ceram. Soc.. 52, 485
(1969).

"D. H. Roach, S. Lathabai. and B. R. Lawn, “Interfacial Layers in Brittle
Cracks.” J. Am. Ceram. Soc.. T1{2}97-105 (1988).

*S. M. Weiderhom, Fracture Mechanics of Ceramics. Vol. 2; p. 20. Edited by
R. C. Bradt et al. Plenum Press, New York, 1974.

"T. Mah, K. Keller. T. A. Parthasarathy, and §. Guth, “Fugitive Interface
Coating in Oxide-Oxide Composites: A Viability Study,” Ceram. Eng. Sci.
Proc.. 12{9-10] 1802-15 (1991).

"R. W. Rice, “Effects of Inhomogeneous Porosity on Elastic Properties of
Ceramics,” J. Am. Ceram. Soc. 58[9—10] 458-59 (1975).

M. Rishle and A. G. Evans “Structure and Chemistry of Metal/Ceramic
Interfaces.” Mater. Res. Soc. Symp. Proc.. 120, 293-311 (1988).

""A. G. Evans and B. J. Dalgleish, “The Fracture Resistance of Metal-
Ceramic Interfaces™; p. 295 in Proceedings of the International Symy of
Metal-Ceramic Imerjares Pergamon Press. Oxford. U.K.. 1992

Fiber Coating Concepts for Bratle-Matrix Composites 1257

4B Davin H € Cao. G Bavoand A G Brans. “The Fracture Energy ol
Intertaces  An Elastic Indentstion Technigue.” Acta Metall Muater . M [ 3
1019-24 (1991

"P G Charalambides H C Cao ) Lund. and A G Evans, “Drevclopment
ot 4 Test Method tor Measuning the Mined Maode Fracture Resistance of Bimater-
1l Interfaces.” Mech Marer |8, 268 -X3 (J9))

DB Marshall. MOC Shaw. and W L Mormis . " Measurement of fotertacial
Debonding and Shding Resistance in Fiber Reintorced intermetabies . A 1
Metall Mater. 301 3] 34354 (1992

MDD Thoukss O Shaizero. LS Sigh and A G Evans “Eitect of dnker
tave Mechanical Properties on Pullout in o S$iC-Fiber-Reintorced Lhium Alu-
minum Silicate Glass Ceramic.”J Am Ceram Soc . T2[4] S25-32 119Ky

"F E Heredia. S M Speanng. A G Evans. P Mosher. and W A Curun,
“Mechamical Properties of Continuous-Fiber-Remntorced Carbon Matriy Com-
posites and Relationships to Constituent Properties.” J Am Ceram So0 . 78
[UI]3017-25 119923

"W A Curun. “Theory of Mechamical Properties of Ceramic-Matniy Com-
postes.” S Am Ceram Soc.. T4[11] 283735 (1991)

D B. Manshall and W C Otiver. “Measurement of Interfacial Mechamcal
Properties in Fiber-Remntorced Ceramic Composites.” J Am Ceram Sic . 70
[8] 54248 1 19KT)

"P.D. Jeroand R. J. Kerans, “The Contnbunon of Intertacial Roughness 1o
Shiding Fricuon of Ceramic Fibers in a Glass Matnix.” Scr. Metall Mater . 24,
235-1% (1990)

“T. 1 Mackin. P D. Warmren. and A. G Evans, "The Effects of Fiber
Roughness on Interface Shding in Composites.” Acta Metall. Muter.. 40 [ 6]
1251-57 (1992).

"} B. Davis. E. Bischoff. and A G. Evans. “Zirconia Coatings for Sapphire
Fiber-Reinforced Composites™. pp. 631-38 in Advanced Composite Materials
Edited by M. . Sacks. American Ceramic Society. Westerville, OH. 1991

“K. T Miller. F F Lange. and D. B. Marshall. “The Instability of Polycrys-
talline Thin Films. Experiment and Theory.” Mater. Res. Soc. Svmp. Proc.
Ultrastr. Proc.. 121{3}823-30 (1988). J. Mater. Res.. 1[S}151-60 i 1990).

*S. 8. Cole. Jr.. and G. Sommer. “Glass-Migration Mechanism of Ceramic-
to-Metal Seal Adherence.” J. Am. Cerum. Soc.. 434(6] 265-71 (1961).

*E. Samuel and P Hrma. “MoQ. Diffusion in Aluminosilicate Glass." J. Am.
Ceram. Soc.. 72 (6} 1091-92 (1989).

“The Metal Molvbdenum. Proceedings of a Symposium sponsored by the
Office of Naval Research. Edited by J. Harwood. American Society for Metals.
Metals Park. OH. 1958.

"Ductile Chromium and Its Alloys. Proceedings of a Conference sponsored by
the Office of Ordnance Research. American Society for Metals. Metals Park.
OH, 1957.

“H. E. Déve. A. G. Evans. G. R. Odette, R. Mehrabian, M. L. Emiliani. and
R. J. Hecht, “Ductile Reinforcement Toughening of y-TiAl: Effect of Debond-
ing and Ductility.” Acta Metall. Mater.. 37, 853-90 (1989).

“M. Rithle, K. Burger. W. Mader. and A. G. Evans. “Some Aspects of Struc-
tures and Mechanical Properties of Metal/Ceramic Bonded Systems™: pp. 43-70
in Fundamentals of Diffusion Bonding. Edited by Y. Ishida. Elsevier, New
York. 1987.

"K. P Trumble and M. Riihle, “The Thermodynamcis of Spinei Interphase
Formation of Diffusion-Bonded Ni/Al,O, Interfaces.” Acta Metall. Mater.. 39
[8) 1915-24 (1991).

“M. Riihle. A. Strecker, D. Waidelich. and B. Kraus. “/n Sity Observations
of Stress-Induced Phase Transformations in ZrO,-Containing Ceramics™ pp.
256-74 in Advances in Ceramics. Vol. 12, Science and Technology of Zirconia
11. Edited by N. Claussen. M. Riihle and A. H. Heuer. American Ceramic Soci-
ety, Columbus, OH, 1984.

"T. J. Mackin, §. Yang. C. G. Levi. and A. G. Evans. “Environmentally
Compatible Double Coating Concepts for Sapphire Fiber-Reinforced y-TiAl.™
Mater. Sci. Eng. A. in press.

“H. Tada. P. C. Paris, and C. R. lrwin, The Stress Analysis of Cracks Hand-
book. Del Research Corp.. St. Louis. MO, 1973, 1985. 0




Acta metall. mater. Vol. 41, No. 11, pp. 3311-3322, 1993
Printed in Grost Britain. All rights reserved

CRACKING AND DAMAGE MECHANISMS IN
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Abstract—Investigations of cracking in multilayered ceramic/metal composites are presented. Two aspects
are considered: crack renucleation across intact single metal layers and subsequent crack extension. Crack
renucleation criteria are determined and compared with predictions. High-resolution strain-mapping
techniques are employed to determine the surface strain ficlds surrounding cracks. Good agreement is
found between these experimental measurements and the predictions of a small-scale yielding model.
Subsequent crack progression occurs cither by the extension of a dominant, nearly planar crack or by
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the formation of a zone of periodically spaced

cracks. Both patterns are analyzed. The dominant cracking

behavior is found to depend on the volume fraction and yield strength of the metal.

1. INTRODUCTION

The macroscopic mechanical properties of layered
metal/ceramic composites are governed by the
mechanisms of deformation and damage that occur
upon loading {1-6). Especially important is the
manner in which cracks that first form in brittle layers
communicate further damage to the neighboring
layers. Two limiting responses have been identified:
global and local load sharing [1). When global load
sharing applies, the stress redistribution caused by a
crack results in a uniformly increased stress in all of
the remaining uncracked layers. Consequently, a
straightforward stochastic approach can be used to
characterize the mechanical properties, leading to a
damage mechanics representation. Conversely, local
load sharing results in a stress concentration around
an initial crack formed within one layer, which causes
damage to progress laterally, often as a dominant
mode I crack. In this case, large-scale bridging
mechanics is appropriate. As yet, there is no
fundamental understanding of the properties of the
layers and of the interfaces that govern the occur-
rence of these extreme behaviors (or of intermediate
mechanisms). The present article addresses the
criterion that governs this fracture mechanism
transition.

A previous study provided some understanding of
the stress fields around a crack within a ductile-brittle
layered composite [2). For a crack located in a brittle
layer with its tip incident upon a ductile layer
(as illustrated in Fig. 1), two limits were identified:
(i) a small-scale yielding (SSY) limit, wherein the
plastic zone extends completely through the ductile

tCoors ADS-995, which is relatively pure and has high
flexural strength, and Coors ADS-96, which is less pure
and has lower strength.

layer but only a small distance (compared with the
crack length) along the layer and (ii) a large-scale
yielding (LSY), or shear lag (SL) limit, characterized
by the plastic zone extending a relatively large dis-
tance normal to the crack. The SSY limit exhibits
relatively large stress concentrations and is expected
to result in local load sharing. The LSY limit is
typified by much smaller stress concentrations and
may allow global load sharing. Investigation of these
stress fields (including their relationship with the
cracking sequence) should provide insight into the
transition in mechanism. The present study describes
experimental approaches for measuring the stress and
displacement ficlds around such cracks, and com-
pares the results with calculated stress fields.

2. EXPERIMENTAL

2.1. Materials

Metal/ceramic multilayers were produced by
vacuum diffusion bonding precleaned metal and
ceramic  sheets. Bonding was conducted at
homologous temperatures for the metal, T/T, ~ 0.9,
for ~24 h, with an applied compression ~2 MPa, in
a vacuum (~10-“torr). The composites were
prepared from two grades of aluminum oxide,t one
of higher strength than the other, bonded to high
purity aluminum or copper. These systems have
strongly bonded interfaces [3]. The properties of
the constituents are summarized in Table 1. The
thicknesses of the layers, as well as the ratios of the
metal thickness, A,, to the ceramic thickness, A,
were varied, but in all cases, a total multilayer
thickness of 4-8mm was used. The range of
systems and diffusion bonding conditions are sum-
marized in Table 2. Some specimens with relatively
thick (2mm) Al,O, outer layers were used

31
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Fig. 1. Schematic illustrating the crack geometry and the
parameters measured in the experiments.

in order to establish a well-developed crack prior to
testing [Fig. 2(a)].

2.2, Measurements

In situ observations of crack growth in the multi-
layered composites were obtained on beam specimens
with notches cut to a depth of ~ 50% of the thickness
of the outer ceramic layer with a diamond saw. The
specimens were polished optically flat on one face to
allow observations of crack growth. Cracks were
initiated from the root of the notch and then extended
stably to the interface using a loading fixture attached
to the stage of an optica! microscope [Fig. 2(a)]. Most
tests were done in ambient air. However, to examine
environmental susceptibility, a few tests on the
AL O,/Al materials were done in dry N,. High
magnification micrographs were obtained from the
crack tip region during loading. In all cases, cracks
were oriented with the crack plane perpendicular to
the layers (Figs 1 and 2) and the loads were applied
in four-point flexure. Typical specimen dimensions
were 1 x 8 x 30 mm, with the inner and outer loading
point separations being 10 and 25 mm. The nominal
mode I stress intensity factors K, were evaluated from
the measured loads, crack lengths and specimen

tDisplacement resolution of 10 nm is achieved from optical
micrographs.

dimensions by using the calibration for an elastically
homogeneous beam (Section 4.1) {7).

Optical micrographs of the crack tip region were
analyzed to determine the opening displacement, §,,
of the cracked ceramic layer adjacent to the metal, the
strain, ¢,,, in the neighboring ceramic layer, and the
plastic zone size, [, (Fig. 1). This was achieved by
measuring differential displacements of correspond-
ing image features in pairs of micrographs: one taken
at zero load (the reference) and the other obtained
under load. Two image analysis techniques were
used: stereo viewing of pairs of micrographs [8] and
a computerized image comparison procedure [9]
(HASMAP-High Accuracy Strain MAPing). The
latter technique determines full-field maps of in-plane
displacements, which can be differentiated to produce
the in-plane strain fields. Since both methods measure
differential displacements, their sensitivity is much
greater thaii the point-to-point resolution of the
micrographs.t

Strain distributions were also measured using
microscopic high-resolution moiré interferometry.
The procedure involved depositing a diffraction
grating on the specimen surface and forming a2 moiré
interference pattern between the specimen grating
and a fixed reference grating during loading of the
specimen [10, 11). The moiré image consists of fringes
which define contours of constant displacement, with
the increment between fringes being equal to one-half
of the grating period. A fringe multiplication
technique was used [10] to increase the differential
displacement resolution to 36 nm/fringe. Interfero-
graphs were obtained in two orthogonal directions, x
or y (Fig. 1), by using two interpenetrating diffraction
gratings oriented at 90°. The strains ¢,, were deter-
mined by measuring fringe spacings along a line
within the ceramic layer, 5 um from the interface. The
a,,() stress was then estimated using the plane stress
relation {12}

(1 =v?)o,,(y) = Ele,, () + ve. ()] a

where v is Poisson’s ratio and E is Young's modulus
of the Al,0,.

Table 1. Properties of constituents

Thermal expansion Young's

Uniaxial yield  Work hardening
ient

coeflicient modulus strength coefficien
Constituent a(x10-°C-Y) E (GPa) a, (MPa) n
ALO, ) 380 — -
Al 25 70 50 0.2
Cu 17 120 70 03
Table 2. Summary of diffusion bonding conditions
Bonding Bonding Bonding Al,O, Metal
Maultilayer O (MPa) @) (um) (pm)
620 1.5 20 45 250
680 8, 25, 50, 100, 250
A/AL,0; 655 26 2 12 25
680 8, 25, 100, 250
Cu/Al 0, 940 1 24 480 25,130




SHAW er al.. CRACKING IN CERAMIC/METAL MULTILAYERS 3313

(a)

¢

§

et

M Precrack M)

2z

@

Fig. 2. (a) Schematic illustrating the specimen type and loading geometry where M is the applied bending

moment. (b, ¢, d) Cracking patterns determined by optical microscopy: (b) single crack in a system with

Al1/480 um AL, O,, (c) multiple cracking in compasites with Al/125 gm Al,O, and (d) Al/4S um AL, 0,.
Arrows indicate the crack locations. All three composites contained 250 um thick Al layers.
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Fig. 3 Scanning clectron micrographs of fracture surfaces o Al O, multilayers, showing a single
aluminum layer sandwiched between tw. siumina layers.

In matenals with relauvely thick ALO. layers
(>480 um). average strains, ¢,, . were measured with
strain gauge over an area 0.6 x 0.2 mm.

The strength distribution of the higher strength
alumina was measured using four-point flexural load-
ing of specimens cut from as-received plates (680 um
thick) and from plates that had been surface-ground
to reduce their thickness to 450 um. The strength
distnibution of the lower strength alumina was also
measured using four-point flexural loading of
specimens cut from as-received plates (2 mm thick).
The cumulative probability of failure, ®(S). was
determined (using order statistics) as a function of the
nominal strength. S. for both types of alumina, by
using the volume flaw solution (see Section 3) [13]

—In[l — @(S)] = (S!S, )"(Lhw: V)
x(m+ 2} dm +1¥  (2)

where L is the test span, w is the specimen width and
h is the specimen thickness, with V, being a reference
volume (taken to be 1 m') and S, and m the reference
strength and shape parameters.

3. RESULTS

3.1. Crack growth

In multilayered composites with low volume
fractions of metal ( /,, < 0.3). a single crack formed in
each ceramic layer ahead of the notch durning fracture
of precracked beams [Fig. 2(b)). No interfacial
debonding occurred in any of the composites, during
cither crack renucleation or subsequent fracture,
despite extensive plastic stretching of the metal lavers
(Fig. 3). Furthermore. the cracks renuci 1
sequentially in adjoining layers on nearly the
plane as the notch. The damage is thus viewed w5 a
dominant mode I crack, with the crack tip taken to
be the edge of the furthest cracked ceramic layer.
A nominal stress intensity factor K, can then be
defined as the loading parameter.

The growth of mode | cracks in systems containing
ceramic layers of thickness greater than that of the
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Fig. 4. Measured crack growth resistance. K. as a
function of crack extension. Aa, for several muiltilayered
composites.
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metal layers (A = 450-680 um, A, = 8-250 um) may
be represented by resistance curves (Fig. 4). Two
values of the stress intensity factor characterize crack
growth: (i) that needed for initial crack renucleation
across intact metal layers, Ky, and (ii) that needed for
subsequent crack growth, K, . Initial crack growth is
controlled by crack renucleation in the ceramic layer
ahead of the crack tip, whereas X, increases during

(@)

Metal Thickness hy, (um)

Fig. 5. (2) Crack renucleation stress intensity factor, Ky, as
a function of metal layer thickness, A, , for (a) composites
fabricated from the higher strength alumina and tested in an
air environment. Also shown is the SSY prediction for a
median ceramic strength, S, =460MPa. (b) K, for
copper/alumins composites fabricated from either the
higher strength or lower sirength alumina and tested in an
environment. Also shown are the SSY predictions for K,
for median ceramic strengths of S, =460 MPa and
S, =380 MPa. (c) Ky for aluminum/alumina multilayers
fabricated from the higher strength alumina tested in air and
dry nitrogen.
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Fig. 6. Cumulative distribution, #,, of the offset, A, in crack

renucleation location normalized by the metal layer thick-

oess, h,, for multilayers with a range of metal layer
thicknesses.

subsequent crack growth because of the bridging
effect of intact metal layers in the crack wake. For a
given material combination and environment (Fig. 5),
the renucleation resistance increased with the thick-
ness of the metal layers. The values of Ky ranged
between S and 17 MPa ,/m, in all cases, higher than
the fracture toughness of alumina [14] (K;~ 3.5 to
4 MPa \/m) [Fig. 5(a)]. The values of Ky were also
systematically higher in Cu/Al,O, composites con-
taining the higher strength Al,O, than in equivalent
composites with the lower strength Al,O, [Fig. 5(b)).
Testing of the Al/Al,O, composites in air resulted in
lower values of K than testing in dry N,, implying
a sensitivity of crack renucleation to moisture [Fig.
5(c)).

Finally, the locations at which the cracks
renucleated were usually offset from the crack plane
in the previously cracked Al O; layer. The offset
distances, A, measured for composites with metal
layers of various thicknesses are shown in Fig. 6 as
a single probability distribution, plotted as a function
of A normalized by the thickness, A, of the metal
layers. The results indicate that A scales with A, .

3.2. Crack tip opening displacements

The stationary crack tip opening displacements, 4,,
were determined by stereoscopy from in sitw optical
micrographs obtained before cracks renucleated in
the ceramic layer ahead of the precrack. For each
specimen, 8, was found to increase with increasing K|,
following the proportionality, §,occ K? [Fig. 7(a)). This
proportionality suggests that the data may be
compared with the solution for a homogeneous metal
in the small scale yielding limit, given by [15, 16]

HK}
o= Eo’ &)

where E, and o, are the Young's modulus and
uniaxial yield strength of the metal and H is a
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Fig. 7. (a) Crack tip opening displacements, &,, as a
function of the square of the applied stress intensity factor,
K}, for several multilayer systems. Also shown is the
prediction [equation (3)]. (b) The non-dimensional par-
ameter, H = §,E_ a,/K} as a function of inverse metal layer
thickness for several different multilayer systems.

non-dimensional parameter. For homogeneous
metals, H depends only on the work hardening
cocfficient, and typically has values of 0.48 for
aluminum and 0.18 for copper {16, 17]. It is apparent
from Fig. 7(b) that smaller values of H obtain for all
of the layered materials. Moreover, the magnitude of
H decreases with decreasing metal layer thickness
fFig. 7(b)] and, at given layer thickness, is lower for
the multilayers containing copper than for those
containing aluminum, consistent with the trend in H
for the homogeneous metals.

3.3 Strain measurements

The average strains, ¢,,, measured using strain
gauges in the Al,O; layers directly opposite the
precrack increased with increasing K, (Fig. 8). Both
the magnitude of the strain and the rate of increase
in strain, at given K;, increased with decreasing metal
layer thickness.

A moiré interference micrograph showing fringes
of constant displacement in the vertical (y) direction,
obtained from the region surrounding a crack tip in
a multilayered Cu/Al,O, composite, is shown in
Fig. 9. The stresses, o,,, along the edge of the Al, O,
layer ahead of the crack tip, evaluated from the
micrographs [by using equation (1)] are plotted in
Fig. 10, along with theoretical predictions to be
discussed in the following section. The data obtained

at each of three values of the applied stress intensity
factor indicate that local stress concentrations exist
ahead of the crack tip, with peaks offset symmetri-
cally by approximately 50 um from the crack piane.
The magnitude of the peak stress increases linearly
with X;. The strains, ¢,,, in the metal layer displayed
a similar distribution as those in the intact ceramic
layer, but were much larger in magnitude with a
plastic zone that extended beyond the field of view
(350 gm).

The distribution of shear strains (as determined by
HASMAP) around a crack in another Cu/Al,0,
multilayered composite with thicker copper layers
(130 um) is shown in Fig. 11. A zone of localized
plastic strain within the copper layer ahead of the
crack tip is evident. The zone extends to the side of
the crack to a distance approximately 7 times the
metal layer thickness (/, = 1 mm).

3.4. Multiple cracking

In composites with larger volume fractions of
metal (/. > 0.7), multiple cracks formed within the
Al O, layers [Fig. 2(c,d)] after initial renucleation
from the precrack. Furthermore, in multilayers with
the highest metal volume fraction [f, =0.85,
Fig. 2(d)}, lateral spreading of multiple cracks within
the same brittle layer often occurred in preference to
forward progression of the main crack. In all cases,
the crack density eventually saturated within a dam-
age zone ~ 2 mm in total width [approximately twice
the width of the region of the specimen containing the
thin ceramic layers, Fig. 2(a)], with the distribution,
®,,, of crack spacings shown in Fig. 12. It is evident
that the mean crack spacing at saturation, /,,
increases as the alumina layer thickness increases.

3.5. Alumina strengths

The strength distributions measured on the as-
sintered and surface-ground specimens of the higher
strength Al,O, were indistinguishable [Fig. 13(a)],

300

Average Stress, Gy, (MPa)

10

K, { MPa./m)

Fig. 8. Average stresses, 4,,, in ceramic layers directly

opposite the crack determined with a strain gauge, for

several multilayers. Also shown are the predictions for &,
from equation (A2).
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-0.012

Fig. 11. Contour map of the in-plane shear sirain distribution, ¢,,. measured by HASMAP just before
crack renucleation in a copper alumina multilayer. The contour intervals represent a strain of 6 x 10-¢,
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Fig. 12. Distribution, @, of crack spacings, at saturation,

from several multiply cracked aluminum/alumina specimes

containing 45 and 125 um thick alumina layers with 250 um
thick aluminum layers.

suggesting that the strength is controlled by volume
flaws.t The data from both types of specimens were
combined, and the magnitudes of the shape
parameter, m, and the reference strength. §,. were
ascertained by fitting equation (2) to the data, giving
VoS8 =29 x 10" MPa™-m’>. The corresponding
median strength is, S, =460 MPa. For the lower
strength  AL,O,  (as-sintered). V,ST=12x
10°MPa"-m> and the median strength is,
S, = 380 MPa [Fig. 13(b)}.

tAlthough it is possible that the surface flaw distributions
were the same within the measurement accuracy, it is
considered unlikely.
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conditions, and (b) plates of the lower strength alumina in
the as-received condition.
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4. COMPARISON WITH MODELS

4.1. Crack tip stresses

Two limiting solutions have been identified for the
stresses, 0,,(x, y), within intact brittle layers ahead of
the crack tip in layered metal/ceramic composites. In
the small-scale yielding (SSY) limit, the stresses along
the crack plane closely approximate the elastic
solution {2)

0,(x.0)x K,/ \/2xx (x> k) @
where K is computed for an elastically homogeneous
medium. This result holds even when the plastic zone
extends both through the metal layer and laterally up
to a distance several times the metal layer thickness.
The corresponding stresses in the intact ceramic layer
alongside the metal/ceramic interface (x = h,) are
given by [18]

K
—£,(0), )

N

with
0,(r,0) = \2‘7 (m(%X‘ + "“(%)“"(%)])

where 7 and 0 are the radial and angular coordinates
from the crack tip (Fig. 1)

h2 +y

”"‘"‘“‘(h.) ©

An estimate of the size of the slip zone, obtained by
equating o, to the shear yield strength of the metal
[with K; = am/ in equation (5)), is {2]
p/ao ~ 038(01, /60)2 (7)
where o, is the applied tensile stress and a, is the
length of the precrack. For larger slip lengths,
corresponding to large-scale yielding (LSY), a finite
clement analysis has been used to evaluate the stresses
[2). The peak stress in the ceramic layer is [2)
.8
O)~o,|1+ 8
O ]

The distribution of o,, stresses in the intact ceramic
layer for 0.052>(y/L,)>1is [2]

- h(y/k)] 9
where Q is a dimensionless parameter and w is the
specimen width {2). The corresponding slip length is

/gy = \/36, /0, (10)

The predicted stresses, given by equations (5) and
(9), are compared with the moiré interferometry data

tA more rigorous analysis would entail statistical analysis
of fracture, using the measured strength distribution of
the Al,O, layers and the nonuniform stress field of
Eqn. (5). Preliminary caiculations indicate that the pre-
sent simplification does not result in significant error.

in Fig. 10. The SSY predictions agree reasonably well
with the experimental results, including the locations
of the peak stress which are offset from the crack
plane. Conversely, the LSY solution substantially
underestimates the magnitudes of the stresses and
fails to predict the location of maximum stress.
Additionally, the SSY predictions are compared with
the strain gauge measurements, made over a range of
loads (Fig. 8; Appendix A). Again, the SSY predic-
tions agree reasonably well with the data.

The stress distributions at x = A_ in the ceramic
layer ahead of the crack tip can be used in conjunc-
tion with the measured strength of the ceramic to
predict failure of the ceramic layer and thus, the
renucleation stress intensity factor, Ky. A simple
estimate is obtained by equating the stress (at
x=h,, y=0) from equation (5) to the median
strength, S,,, of the Al,O, layers.t For small-scale
yielding, this gives

Ky=Sa\/22hy. an

The prediction of equation (11), with S, = 460 MPa
(from Fig. 13), agrees reasonably well with measured
values of K for materials with metal layers of various
thicknesses [Fig. 5(a)]. Furthermore, the decrease in
K, in multilayers fabricated from the lower strength
alumina [Fig. 5(b)] also is consistent with the
predicted decrease in K), resulting from a lower S,.
These correlations with the SSY predictions apply
even though the normalized plastic zone size extends
up to L/ay=2 (Fig. 11). Consequently, the SSY
stresses seemingly apply over a wider range of plastic
zone sizes than had been expected (2], although these
findings are consistent with recent calculations [19).

4.2. Multiple cracking

4.2.1. Transition from single to multiple crack-
ing. The criterion for the transition from single to
multiple cracking is a key design parameter for this
clags of multilayered composites. Since the present
experiments indicate that SSY conditions dominate,
this transition does not appear to be related to the
onset of LSY conditions. Instead, it is suggested that
the transition occurs when new cracks are formed in
the Al,O, layers in the crack wake. For wake crack-
ing to occur preferentially, the local stresses in the
wake must exceed those ahead of the crack, as well
as reach the fracture strength of the ceramic layers.
These stresses are influenced by two contributions:
the K-field of the main crack tip and the bridging
tractions exerted by the intact, but plastically
stretched, metal layers. The stresses associated with
the K-field are always smaller in the wake than ahead
of the crack tip. However, the contribution from the
bridging tractions can be sufficient to make the wake
stress larger than the tip stress. This contribution
depends on the magnitude of the bridging tractions,
T, the relative area over which the tractions are
applied (the volume fraction of the metal) and the
absolute thicknesses of the individual layers. The
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magnitude of T is known to depend on the metal yield
strength and the local crack opening [20, 21).

A simple model for wake cracking, involving a
primary crack traversing three ceramic layers and
partially bridged by two intact metal layers, is
analyzed in Appendix B (Fig. Bl). Approximate
analytical solutions for the wake stresses as a function
of distance from the crack plane, for this particular
geometry (Fig. B2), indicate that the stress increases
from zero at the crack faces to a maximum at a
characteristic distance from the crack plane, and then
decreases. The characteristic distance could dictate
the crack spacing within the zone of multiple crack-
ing. The analysis reveals that as the volume fraction
of metal increases, the location of the larger peak
stress changes from the brittle layer ahead of the
crack tip to the crack wake, provided that the metal
flow strength is sufficiently high (Fig. B2). This trend
is qualitatively constant with the observations in
Section 3.

4.2.2. Multiple crack density. An important
measure of the extent of crack damage relevant to a
damage mechanics formulation is the crack density,
p. No attempt is made here to understand the
evolution of p. However, some appreciation for the
applicability of damage mechanics may be gained by
comparing the measured crack spacings with values
predicted by fragment length analysis {1]. Stochastic
analysis of multiple cracking in bimaterial systems
with sliding interfaces [1] indicates that the crack
density saturates and that the saturation density, p,,
is related to the interfacial shear stress, 7, as well as
a characteristic ceramic layer strength, S, through
the relationship

Py = A(m)t/(hS.) (12)

where A is a dimensionless coefficient of order unity
(1), and, for a well-bonded interface, 1 is the shear
flow strength of the metal (= a.,/J 3). The
characteristic strength, S, (Appendix C), is [1}

S, = (AtV, S5 [h3w)!m+ D, (13)
Therefore, equation (12) can be written
lutnhgl-n)w 14m+ 1)
()

With the relevant parameters for the Al,O,/Al
system [VF,S7 =29 x 10" MPa®-m’, 1 = 30MPa,
A(m = 8)x 1.6}, the saturation crack spacings for
multilayered specimens with 45um and 125 um
thickness alumina layers are predicted from equation
(14) to be ~0.8mm and ~1.7mm, respectively.
Although these are larger than the measured
spacings, they are in the same range and they scale
correctly (Fig. 12). A damage approach based on the
stochastics of the brittle layers, coupled with inter-
facial slip, thus appears to be a potentially viable
procedure for characterizing the properties associated
with multiple cracking.

S. CONCLUSIONS

Crack growth and damage accumulation in
strongly bonded ceramic/metal multilayers have been
investigated, with particular emphasis on the
criterion for crack advance, as well as on crack
extension patterns. Crack renucleation beyond inter-
vening metal layers is found to be governed by the
small-scale yielding stress field. Plastic flow within the
metal layers exerts a minimal influence, despite clear
evidence of plasticity in the metal layers prior to crack
renucleation. The metal layers therefore act simply to
separate the intact ceramic layer from the crack tip by
a distance corresponding to the metal layer thickness.
This behavior leads to a simple inverse-square root
dependence of the crack renucleation resistance, Ky,
on the metal layer thickness, A,.. These conclusions
establish that crack renucleation results from a
significant stress concentration associated with cracks
in adjacent brittle layers.

Damage develops cither as a dominant crack, or as
periodic cracks, depending on the volume fraction,
layer thickness and yicld strength of the metal. As the
volume fraction of metal increases, at constant
ceramic layer thickness, the stresses in the crack wake
increase, whereas the stresses in the intact layer ahead
of the crack tip decrease. This trend in stress leads to
a transition in cracking mechanism with increasing
volume fraction of metal, whenever the metal layers
have sufficiently high yield strength. Specifically, for
low metal volume fractions, mode I extension of a
primary crack occurs, whereas for high metal volume
fractions, periodic multiple cracking occurs.

When multiple cracking dominates, a damage
mechanics approach for characterizing properties
appears to be viable. To assess the validity of such an
approach, a simple model has been used to relate the
saturation crack density, p,, to the intrinsic flow
properties of the metal, the strength characteristics of
the brittle layers and the geometry of the multilayers.
The predictions of the model are qualitatively
consistent with the measured trends.
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APPENDIX A

Comparison of Predicted Stresses with Strain Gauge
Measurements

The strain gauge data provide a measure of the average
stress, 4,,, within the region bounded by the strain gauge,
i.e. h, <x < h,+ d, where dis the width of the strain gauge.
For the stress ﬁeld given by the small-scale yielding limit [2]

1 b+ d K
G, =- —— dx. (Al)

”od],. Jinx

Integration gives

_ 2 K [ K
= [2 L /_ —Jhd)s ——. (A2

where

(A3)

Equation (A2) is compared with measurements for materials
with aluminum layers of different thickness in Fig. 8.

APPENDIX B

Multiple Cracking Analysis

The mode of damage evolution (single or multiple cracking)
depends on the relative magnitudes of the stresses in the
ceramic layers ahead of and behind the crack tip. These
depend, in turn, on the thickness of the metal and ceramic
layers, the crack length, the strength distribution of the
ceramic, and the flow properties of the metal. To assess the
effect of changing the volume fraction of metal, these
stresses are estimated for the specific composite geometry
shown in Fig. Bl.

The stresses were estimated by regarding the effect of the
intact metal bridging ligaments as crack closure tractions, T,
acting on the crack faces (Fig. Bl). In general, the magni-
tude of T depends on the local crack opening. the flow
properties of the metal and interfacial debonding. However,
for the purpose of illustrating the transition in behavior, T
is taken to be a constant (T = .50, ) in the present analysis.
Assuming that the stress concentration due to the crack tip
is given by a KX field, and assuming elastic homogeneity, the
crack tip stresses are {18}

=X g BI
o= @ ®1)

where K, is the local stress intensity factor given by (20]

oo — T(X)}dX

- ——— (B2
K. \[“ 7 )
where X = |1 + x/a (Fig. B1). The stresses in the crack wake
along the line normal to the crack at x = —(h, + A.) are
given by the superposition of two components, one due to
the crack tip stress concentration, equation (Bl), and the

other due to the traction T (18, 22)

Ko
Ose ™ —— f(O)+2(fo,r.0.T) (B3)
wake \/ZTrﬂ) F{0s
where f(0) is given by equation (5) and the function
g(j..r.O T) accounts for the wake stresses arising from
crack bridging tractions applied to the surface of an
elnuc half space over the intervals, —2(h. +h,)<x <
—(2h +h,), and —(h +h,) <x < —h [22),

81,0, T)=T(a, +a,+sina, +sina,)/x  (34)

e
22l

with A, A, and y defined in Fig. 1.
'l'hestreummlhecetam:chyersaheadofthccmkup
(04) and in the crack wake (0p) are plotted as a function of
distance from the crack plane in Fig. B2 for various values
of f, . The stress distributions at both locations pass through
a maximum at a distance from the crack plane of several
times A . At small values of £, the maximum stress is larger
ahead of the crack than in the wake, thus favoring growth

with

L T

LS
h—
he LI\
-— a -
Fig. Bl. Schematic of the crack configuration analyzed in
Appendix B.
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Normalized Position, y/h,

Fig. B2. Approximate analytical solutions for crack tip and

crack wake stresses for the crack geometry shown in Fig. Bl

with various volume fractions of metal, f,, and with
bridging tractions taken to be 7 = ]1.50,,.

of a single crack. Conversely, at large /., the maximum
stress :- .. "ger in the wake, leading to multiple cracking. The
transiv 2 occurs at f, = 0.6, for the particular value of T
and the . ack and layer geometries chosen here, for illustra-
tive purposes.

APPENDIX C
Characteristic Ceramic Layer Strength
For a power law strength distribution in the brittie layers,
the fraction, P, of flaws that can cause failure at stress § in
a volume V is given by
P, S) = SISY. ©
]
At the point of crack saturation [1}, S= S,
P S)= SIS m ©
[

where V, is the volume of material between the cracks. Using
equation (12), ¥, can be reexpressed as

3
v, -"f"'. ©)
34
Combining equations (C2) and (C3) yields
me )
S¢ - (%) hd (a)
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ABSTRACT

A layered metal/intermetallic, consisting of Nb and Nb;Al, has been synthesized
using a high-rate magnetron sputtering technique. The microstructure and various
mechanical properties have been explored. It is demonstrated that the Nb phase
contributes substantially to the toughness, through plastic dissipation, combined with
frictional sliding at contacting surfaces. However, the toughness is sub-optimal, beczuse
of the small layer thickness, which limits the width of the plastic zone. The tensile
strength is also relatively low, because of growth defects. Some concepts for improving
the strength and fracture resistance by tailoring the constituent and interface properties
are suggested.
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1. INTRODUCTION

High temperature intermetallic systems can exhibit high strength and creep
resistance at temperatures above 1000 C.! However, these materials are often brittle at
lower temperatures. This deficiency has inhibited their use in critical structural
components. One approach that enhances the fracture resistance, while retaining high
temperature strength, involves the incorporation of a refractory, ductile metal. For
example, it has been demonstrated that, by incorporating niobium into TiAl, the
fracture resistance could be enhanced by a factor of three.2-5 Moreover, it now appears
feasible to tailor the overall mechanical properties by using dual-phase systems. One
dual-phase morphology that has demonstrated particular potential, consists of
alternating layers of intermetallic and metal.68 In this case, the fracture resistance
exceeds that of the intermetallic, because ligaments of the ductile phase plastically
stretch to failure during crack extension and thereby, dissipate energy.24,7-10
Moreover, the intermetallic is expected to provide good creep strength, by supporting
the loads imposed at elevated temperature.1! One potential problem is the sensitivity of
such materials to fatigue.12

The present work describes the microstructure and mechanical properties of a
layered material made by high-rate magnetron sputtering. Toughening and
strengthening mechanisms responsible for the properties are explored using a
micromechanics approach. Furthermore, ways for improving the mechanical
performance of the composite through microstructure optimization are suggested.

2, SYNTHESIS

Vapor phase deposition by high rate magnetron sputtering13 is a means for
producing layered materials with low interstitial content. The method also provides the
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freedom to independently control the ductile and intermetallic phase compositions,
volume fractions and dimensions. A schematic of the physical set-up (Fig. 1)" illustrates
the two sputtering targets within a chamber, filled with argon. One target contains pure
niobium, while the other comprises segments of aluminum inserted with niobium. The
target composition may be adjusted by changing the relative width of the aluminum
segments. A stainless steel substrate which traverses between the targets may be
preheated. using a bias current, in order to cornitrol diffusion during deposition. A tri-
layer (titanium-copper-titanium) release coating was deposited before sputtering. This
procedure was used to deposit Nb/NbzAl microlaminates onto polished stainless steel
substrates.14 |

The Nb/Nb3Al system was chosen, after inspecting the phase diagram (Fig. 2),
because the two phases are compatiblel5 and have melting temperatures above 2000°C.
The properties of these constituents are summarized in Table I. The equilibrium phase
of Nb has a bee unit cell with lattice constant, a = 0.33 nm. The Nb,Al phase has the
A15 (space group Pm3n) structure, in equilibrium, with lattice constant, a = 0.5183 nm.
However, NbjAl has a tendency to form a metastable bee structure if the atomic
mobility is limited. ‘ .

The level of oxygen contamination had to be carefully controlled because oxygen
affects the ductility of the metal phase.16 The oxygen content depends on the residual
oxygen vapor pressure in the system (in the form of HyO and CO) as well as the rate of
deposition. At the deposition rate chosen for this study (58 A/s), an oxygen partial
pressure < 5 x 107 torr was required to ensure an oxygen content in the multilayers
below the delectability level for Auger electron spectroscopy (< 0.5 at. %).

* An MRC 603 magnetron sputtering system, with Inset magnetron cathodes.
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3. MICROSTRUCTURE

The composite consisted of 34 layers of Nb and 33 layers of Nb3Al, having a total
thickness of 145 pm. The microstructure of the as-deposited composite was examined
by both scanning electron microscopy (SEM) and transmission electron microscopy
(TEM). The SEM images were highlighted by using the back-scatter mode in order to
enhance phase contrast (Fig. 3). In this manner, the thicknesses of the Nb and Nb;Al
layers were found to be 1.6 and 2.4 jm, respectively. The interface appeared
convoluted, but continuous, without apparent interfacial porosity.®

Electron transparent samples suitable for TEM examination were prepared by
laminating several 3 mm wide layers of the composite in epoxy, as described
elsewhere.16 Standard dimpling and ion milling were used to produce specimens that
were examined in a JEOL 200FX microscope operated at 200 kV equipped with a Link
Analytical eXL EDS (energy dispersive X-ray) system. The TEM images revealed a
columnar grain structure over the entire electron transparent region (Fig. 4). The
interfaces consisted of well-defined facets (Fig. 5¢c), with facet planes being {110}, in the
Nb, as well as the Nb3Al Diffraction patterns along [011] (Fig. 5b) indicate that the Nb
is in the equilibrium bee state. However, the NbzAl is completely disordered, consistent
with the deposition temperature being substantially below the Tg curve (Fig. 2).
Moreover, the limited mobility of both Nb and Al atoms, at the deposition temperature,
ensures relatively high stability of the metastable phase and is also consistent with the
Nb layers having no detectable Al (Fig. 5¢).

* The voids observed in the Nb phases are caused by polishing because the Nb phase is much softer and
_ prone to abrasion.
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4. MECHANICAL BEHAVIOR

4.1 Specimen Preparation

For initial evaluation, flexural testing was performed, with the material still
attached to the substrate. For this purpose, beams with nominal dimensions
30 x 1 x 2.5 mm were prepared from the panel by using a low-speed diamond saw. The
side and top faces were polished to 1 pm in order to reveal the microstructure and to
facilitate observation of damage evolution during testing. The beams were tested in face
and edge orientations (Fig. 6a). In the first, the layer planes were located on the tensile
face of the beam. In this case, the material experiences a relatively uniform tensile stress,
because of the small thickness ratio of the layered material to the substrate (Fig. 6b). In
sorte of these specimens, a groove (~ 10 Lm deep) was introduced by sliding a Knoop
indentor across the tensile face, subject to a load of 2N. In the second orientation
(Fig. 6b), the layers were located on the side face. This test arrangement allowed crack
extension to occur stably, due to the decreasing tensile strain, as the crack approaches
the neutral axis.

Other test procedures required that the layered material be removed from the
substrate. This was achieved by using nitric acid within an ultrasonic device to dissolve
the buffer layer. Three types of tensile specimen were prepared (Fig. 6¢). Standard dog-
bone specimens were used to characterize the elastic properties and the fracture
strength. Edge-notched and center-notched specimens were used to measure the
fracture resistance properties, as well as to study the failure mechanisms. In all cases, in
order to facilitate gripping, tabs were bonded to the specimen ends.

4.2 Results
Three-point flexure tests with the substrate attached were conducted in situ in the

SEM, at low strain rates (< 104 s-1). At various stress levels, the side faces were
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comprehensively inspected. The load was then incrementally increased until failure
occurred. Load/displacement curves indicated nonlinearity at ~ 350 MPa, associated
with the plastic yielding of the stainless steel substrate. The final rupture, which was
unstable, coincided with failure of the layered material at ~ 370 MPa, followed by
decohesion of the layered material from the substrate. Similar tests on scratched beams
gave identical load-deflection curves. Failure did not occur from the flaw introduced by
scratching. Tension tests (Table II) gave strengths significantly lower than those
obtained in flexure.

In the second flexural configuration, stable crack extension was evident on the
bevelled sections (Fig. 7a). Crack propagation occurred predominantly along the grain
boundaries in both phases, resulting in an irregular crack path. Crack surface contacts
were evident at some locations (Fig. 7b).

Tension testing on notched specimens was produced by introducing a fatigue
precrack. This was achieved by subjecting the specimen to a cyclic 1oad with nominal
stress intensity range, AK] = 5 MPaVm , and load ratio, R = 0.1. After a precrack had
extended ~ 0.5 mm, the specimen was subjected to a monotonically increasing load and
crack growth monitored with an optical microscope. Initial crack extension was found
to be stable and a resistance curve recorded for the edge orientation (Fig. 8).

In order to estimate the flow strength of the Nb in the layered materials, G, a Nb
layer ~ 25 um thick was deposited onto a substrate with exactly the same conditions
used to prepare the laminate. Microhardness tests were performed with indentation
loads ranging between 20 and 50 mN. These loads ensured that the penetration depth of
the indentor was small compared with the layer thickness. These measurements gave a
hardness Hv = 590 MPa, indicative of a flow strength,17 6, ~ Hy/3 = 200 MPa.
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5. POST-TEST OBSERVATIONS

A study of the fracture surfaces usitg scanning electron microscopy revealed large
processing flaws at the failure origins. These had conical morphology and were
~ 200 pm in diameter (Fig. 9). Higher resolution images indicated brittle fracture in the
Nb;Al phase and ductile rupture of the Nb (Fig. 10). In the Nb3Al, crack growth
occurred along the columnar grain boundaries because these boundaries contain voids,
which diminish their crack growth resistance. Moreover, the disordered state of the
Nb3Al probably results in enhanced brittleness.

Ductile failure of the Nb involved microvoid coalescence. These voids had a
morphological connection with the columnar grain boundaries. Consequently, the
plastic stretch depended on the specimen orientation. When the crack extended normal
to the grain growth direction, the plastic stretch was relatively large, with u¢c ~ 1.3 um .
Conversely, when the crack extended along the grain direction, the Nb failed with
reduced stretch, uc = 0.6 pm.

6. ANALYSIS

6.1 Crack Growth Resistance

The preceding observations suggest the mechanisms of dissipation in these layered
materials, upon crack growth. One involves the plastic stretching of the ductile Nb
phase (Fig. 10). The other relates to friction at contacts along the crack surface (Fig. 7).
Contributions to the crack growth resistance from both mechanisms will be considered.
The contribution from plastic stretching of the metal layers is known to occur in
accordance with a resistance curve. For a well-bonded interface, representative of the
present =ystem (Fig. 10), the resistance has the following characteristics. The
steady-state toughening is; 2-4.7-10
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AL, = %f.0.t. )

where O, is the uniaxial yield strength, tp, the ductile layer thickness, fm the metal
concentration and ) the work of rupture coefficient. For a well-bonded interface,
% = 2.7.47.10 This toughening level arises after a crack extension10

L, = 0.03xu E/o, @

Such toughening superposes onto an initiation toughness, I'o.368 The magnitude of I'y
depends on the crack orientation.3 For the edge orientation, the toughness of the
intermetallic dictates I'y,. For the face orientation, I, is larger.68 It is assumed that
Nb,Al has a toughness similar to other brittle aluminides38 (Table I). Consequently, in
the edge orientation, the resistance behavior for the layered material can be predicted
from Eqns. (1) and (2). For this purpose, u. is given by the experimental measurements
and O, inferred from the hardness measurements. The simulated resistance curves
(Fig. 8) are found to be consistent with the experimental data, for crack extensions up to
~ 100 pm. The subsequently, continually rising, portion of the resistance curve reflects
the tractions occurring at crack face contacts!? (Fig. 7). These occur at larger crack
extensions and operate over a substantial spatial range.

6.2 Strengths

By using the measured fracture resistance (Fig. 8) in conjunction with an initial
flaw size related to the growth faults (Fig. 9), a tensile strength may be predicted using
the formulae summarized on Table III. For a flaw size, ap = 100 jim, the predicted
strength, S = 600 MPa. This is appreciably larger than the measured value (Table ID).
This discrepancy suggests either that there are residual tensile stresses induced around
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the growth flaws or that the initial crack growth resistance of the material around these
flaws is less than that found by introducing a precrack. Further study would be needed
to distinguish these possibilities.

7. CONCLUDING REMARKS

- The mechanical properties of the present material are limited by growth flaws. The
relatively small length scale, which controls plastic dissipation during crack growth,
may also limit the fracture resistance. Both phenomena can be addressed by controlling
the deposition and by changing the constituent characteristics. Enhanced plastic
dissipation could be accomplished in several ways. One involves the use of periodic,
thick (~ 10 pm) Nb layers interspersed among the ~ 1 um thick layers. The dissipation
within this thicker layer should scale with the increased layer thickness (Eqn. 1).
Additional non-linear mechanisms may also be found. Alternately, thin (~ 0.1 jtm)
interphases might be introduced that induce debonding, in order o spread the
dissipation.348 Alloying of the Nb to increase its yield strength without degrading its
ductility would also be beneficial to the toughness. Experimental study of these
concepts is in progress.
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TABLE 1

Properties of Constituents

Material Properties

Young's modulus (in-plane), E (GPa)
Poisson’s ratio, v

Yield strength, G, (MPa)

Fracture toughness, Ko (MPaVm )
Melting temperature, Tm (°C)
Thermal expansion coefficient, & (C1)
Crystal structure

Lattice constant, a (nm)

105
04
195

2469
7x106
bee (A2)
0.33002

135

0.25

1940

A15”
0.5183

1 Typical value for brittle intermetallics.®
** Nb3Al has an A1S cubic structure as its
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phase. However, Nb3Al can also be in a metastable
phase, having a partially ordered be structure, ¥ as is observed in this study.
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TABLE 11

Strength Properties of Composites

Material Properties Tensile Flexure
Young's modulus (in-plane), E (GPa) 126 124
Poisson'’s ratio, v 027 —_
Ultimate strength, S (MPa) 250 350 -
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TABLE 111

Formulae Needed to Predict Strength

K = B - QNF)oyETE
K=K..Jﬁ‘:

dK/da = dK,/dAa

a = a +Aa
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FIGURE CAPTIONS

Fig. 1. Schematic of the magnetron sputtering apparatus.
Fig. 2. Phase diagram for the Nb-Al system.

Fig. 3.

Fig. 4.

Fig. 7

Fig. 9.

SEM back-scatter cross-sectional micrograph reveals the layered
microstructure, Nb/NbsAl

Low magnification TEM micrograph shows the columnar grain structure
continually grown through both the Nb and Nb3Al layers (interface indicated
by the arrows).

. a)

b)
)

. a)

b)
)

a)
b)

Bright field image indicates epitaxial grain growth across the
metal/intermetallic interface.

Diffraction patterns of two areas indicated on the TEM picture.

EDS spectra of the two areas adjacent to the interface.

Typical loading modes.

Three-point flexure specimen configurations.

Tensile specimen.

Crack path after stable crack extension.
Crack surface contact.

. Fracture resistance obtained using a center-notch tensile specimen. Also shown

are the resistance curves predicted for plastic stretching of the Nb.

Flaws revealed on the fracture surface by SEM.

Fig. 10. a) SEM of a typical fracture surface after quasi-static fracture (arrow
indicates crack propagation direction).
b) Failure niechanisms in Nb ductile layer showing ductile tearing and
ductile dimples in the Nb phase.
) Reduced plastic stretch in Nb layers when grain boundary porosity is
present.
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Figure 1. Schematic of system for synthesizing laminated metal - intermetallic
composites by altemate sputtering from two targets.
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Figure 3. SEM back-scatter cross-sectional micrograph reveals the layered
microstructure, Nb/Nb3Al.




Figure 4. Low magnification TEM micrograph shows the columnar grain structure
continually grown through both the Nb and Nb3Al layers (interface

indicated by the arrows).




Figure 5. a) Bright field image indicates epitaxial grain growth across the
metal/intermetallic interface.
b) Diffraction patterns of two areas indicated on the TEM picture.
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a) Loading Modes

Layered Materials
(i) Face (i) Edge
c) Tension
- =
Dog-Bone Center-Crack Edge-Notch

Figure 6. a) Typical loading modes.
b) Three-point flexure specimen configurations.

¢) Tensile specimen.




Figure 7. a) Crack path after stable crack extension.
b) Crack surface contact.
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Figure 8. Fracture resistance obtained using a center-notch tensile specimen.
Also shown are the resistance curves predicted for plastic stretching of
the Nb.
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Figure 9. Flaws revealed on the fracture surface by SEM.




Figure 10.

a) SEM of a typical fracture surface after quasi-static fracture
(arrow indicates crack propagation direction).




Figure 10

b) Failure mechanisms in Nb ductile layer showing ductile tearing
and ductile dimples in the Nb phase.

¢) Reduced plastic stretch in Nb layers when grain boundary
porosity is present.
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ABSTRACT

A novel testing technique has been developed capable of measuring the interfacial
fracture resistance, I';, of thin ductile films on substrates. In this technique, the thin film
on the substrate is stressed by depositing onto the film a second superlayer of material,
having a large intrinsic stress, such as Cr. Subsequent processing defines a pre-crack at
the interface between the film and the substrate. The strain energy available for driving
the debond crack is modulated by varying the thickness of the Cr superlayer.
Spontaneous decohesion occurs for superlayers exceeding a critical thickness. The latter
is used to obtain I'j from elasticity solutions for residually stressed thin films. The
technique has been demonstrated for Cu thin films on silica substrates.

9
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1. INTRODUCTION

The decohesion of interfaces between metals and non-metals is a critically
important technological issue.12 Many of the basic phenomena have been identified,
particularly the role of the interface debond energy, I'i, and its dependence on the
loading mixity, Y (Fig. 1).34 The latter is a measure of the relative shear to tensile
opening of the interface crack surfaces near the tip. Methods for measuring I'; have also
been devised and calibrated (Fig. 2).47 However, these methods typically require
specimens made by using a high homologous temperature (T/Tm) processing step,
such as the diffusion bonding of sandwich specimens, where T and T, denote the
processing temperature and the metal melting point respectively (Fig. 2). Decohesion
energy measurement methods for interfaces that have only experienced low
temperature upon fabrication are subject to ambiguity in interpretation. For example, in
peel tests, there is a complex convolution of the plastic dissipation associated with film
deformation and the actual decohesion energy for the interface, I';.7 Moreover, the
mode mixity is not representative of that for most situations of practical concern, such
as thin film decohesion.

The present article addresses several of the current deficiencies by devising a new
test that has the following attributes. The method can be used for ductile thin films
deposited onto substrates at low T/Tm,. It has a mode mixity typical of that associated
with thin film decohesion (y = 50°). The procedure can be implemented in a
conventional microelectronics fabrication facility.

Interface decohesion occurs subject to several dissipation mechanisms.8-10 The
fundamental mechanism involves the work of adhesion, W,4 , which represents the
basic separation energy for the bonds across the interface. In general, plasiic dissipation
Wpl also occurs within a plastic zone in the metal, as the decohesion extends along the

interface (Fig. 1). This contribution scales with W,4.9.10 It also varies with crack
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extention, Aa, leading to a resistance curve.10 This curve, in turn, depends on the ratio
of the peak decohes n stress G to the yield strength of the metal, 6, (Fig. 3). Moreover,
Wpi may increase as the film thickness becoines larger and as the mode mixity angle
increases (Fig. 1). In some cases, when the interface is non-planar, frictional effects can
also contribute to I'j.3 The new test met" d has been devised with the intent of

systematically exploring these effects for metal thin films on non-metallic substrates.

2. SOME BACKGROUND MECHANICS

The relevant mechanics of thin film decohesion considers a thin film subject to
residual tension, Gy, on a thick substrate (Fig. 4). The energy release rate associated with
an interface decohesion, originating from an edge (or discontinuity) attains a
steady-state value, Gss, provided that the decohesion length, a,, exceeds the film
thickness. Moreover, since all of the stress in the film above the decohesion is released,

the non-dimensional energy release rate for a thin strip is 3,12
2
g,,E,/ofhf = 1/2 1)
where Ey is the Young's modulus for the film and hyis the film thickness. The
corresponding mode mixity is, Y = 52°. The thin film test method should duplicate this

mode mixity. For a wide strip (width w > hy), the residual stresses are biaxial and the

revised steady-state energy release rate is 3

2 ip)
g-’-fEf/thf = I-Vf (..)
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where v, is the Poisson’s ratio of the film. At smaller decohesion lengths (a, < hy), the
energy release rates depend on the details of the edge.3.12 The prefered test method should
avoid these edge problems by only using decohesion precracks within the steady-state range .

For a bilayer film, interface decohesion leads to bending, whereupon some energy
is stored in the film above the decohesion. Consequently, the steady-state energy release

rate is reduced. The new value, as derived in the Appendix, is

Gu = Z (3)

i E | h.

) 1

o*h. 1 [P 12Mi]
A
E, h;

where i = 1,2 refers to the two materials in the bilayer. The load P associated with the
residual tension Gj in each layer (Fig. 4) can be expressed in terms of the curvature of
the decohered bilayer, x, the film thickness, hj , and the biaxial elastic moduli,

E, =E,/(1-v,),asl3

p = E.h} + E,h; K @
6(h, + h,)

with x given by

_ 6(h, +h,) (e, - €,) . (3)
[b7+ E;hl/Eib, + E02/Eh, + 03 + 3(n, + 1, ]

where, € = Gi/E,. The bending moment, M; (Fig. 4), is given by

M, = Elx (6)
where [j is the moment of inertia, I, = h’/12.
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3. THE METHOD

A key consideration for development of a method concerns the mode mixity, y. In
order to maintain Y in the requisite range, there are few options for loading the system.
Among these, the only approach that appears to be straightforward involves the use of
a residual stress which essentially duplicates the problem of interest. However, for
typical thin films (hy < 1 tm), and representative residual stress levels (6] < 100MPa),
the residual stress induced energy release rate is small (Eqn. 1), of the order,
Gss = 0.1 Jm-2. Most interfaces with practical interest would have a debond energy
substantially larger than this.8 Consequently, decohesion would not be induced. The
prefered test method must identify a procedure that substantially increases Ggs, without
changing W, while also preserving the structure and microstructure of the interface.

A method that increases the energy release rate, at essentially constant y, involves
deposition of an additional material layer onto the film. This superlayer increases the total
film thickness and also elevates the residual stress without changing the interface. In
order to accomplish this, the additional layer must be deposited in accordance with the
following three characteristics. Deposition must be conducted at ambient temperature.
The layer must not react with the existing film. The layer must have a large residual
tension, upon deposition. A Cr film, depos:ted by electron beam evaporation, meets all
three criteria.ll

The new test method has the following three features. (i) A decohesion precrack is
created, with length a, >hy. (ii) The film is patterned to form narrow strips. (iii) The Cr
film thickness is varied in order to produce a range of energy release rates. In order to
provide these features, a thin strip of carbon is first deposited. This layer is the source of
the interface precrack (Fig. 5). The film of interest is then deposited. Subsequently, a Cr

layer with the requisite thickness is deposited onto the film. Thereafter, the bilayer is

KJS-Evans-7+D-O¢<TA-Dchsn Enrgy 93/03/17+1:31 PM-3/19/83 ‘ 6




patterned to form strips orthogonal to the carbon lines. Finally, the strips are severed
above the C. The latter step creates the edge needed to induce an energy release rate
(Fig. 5). The half-width of the carbon line, a; , defines the pre-crack length. When the
strips decohere after severing, the energy release rate exceeds the debond energy, i.e.,
Gss > Ii. Conversely, when the film remains attached, Gss< I'i. Consequently, T is
determined from the critical Cr layer thickness above which decohesion always occurs,
designated h,. The bilayer solution (Eqn. 3) then relates I’ to the critical Cr thickness by
using the equalities: Ggs = [1and hy = he.

4. EXPERIMENTAL PROCEDURE

A flow chart of the overall procedure is presented on Fig. 6. Deposition and
photolithography are conducted in a clean room facility. Residual stresses are measured
from beam deflections. Then, film severing above the precrack is conducted. The films

are inspected to assess the critical thickness, hc. Finally, this critical thickness is used to

determine I.
4.1 Deposition and Patterning

Preliminary experiments have been carried out by using evaporated copper films
and glass substrates. The choice of copper is particularly attractive due to its emerging
importance as an interconnect material. It is expected to replace aluminum for deep
sub-micron metal line widths, because of its superior conductivity and higher resistance
to electromigration.14 All processing steps are carried out in Class 100 and Class 10,000
clean room facilities. Careful substrate cleaning is essential. For this purpose, the glass
substrates (Corning 0211) are solvent cleaned in trichloroethylene, acetone and
isopropyl alcohol in order to remove organic contaminants. Then, they are water

cleaned, followed by etch-cleaning in buffered hydrofluoric acid, in order to remove all
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inorganic contaminants. Finally, they are rinsed in deionized water and dried. The
carbon release layer is thermaily evaporated (thickness ~ 200A) onto the substrate and
patterned to the desired geometry (Fig. 5) by using a bilayer photolithography
technique. Pure copper (99.999%) is then deposited by electron beam evaporation at a
background pressure = 8 x 107 torr. Thereafter, the chromium superstructure layer
(99.9% pure) is evaporated. An in situ quartz monitor is used to control the deposition
rate (Cu ~ 10A/s, Cr ~ 1A/s) and the film thickness. Subsequent lift-off defines the
metal line geometry. Finally, a through cut is made in the metal bilayer by wet etching.
An optical micrograph of a processed test specimen is shown in Fig. 7.

4.2 Residual Stress Measurement

The residual stress is measured by using a standard procedure which relies on
curvature determination on the film/substrate system.15 For this purpose, a
profilometer is used to measure substrate curvature.16 The profilometer uses a metallic
stylus, which is horizontally scanned while its vertical movement is converted to an
electrical signal. The substrate often has an initial curvature. Therefore, two scans are
made in order to measure the bending deflection of the substrate. These are made both
with (81) and without (8,) the film attached. The residual stress in the film is related to

these displacements by,

R _ 4Es(8l-52)h3
~ 3(1-v,)L?h,

)

where L is the length of the profilometer scan, hg is the substrate thickness and Es v
are the substrate Young's modulus and Poisson’s ratio, respectively. This procedure is
used to evaluate the residual stress in the Cu and then the residual stress in the Cr

deposited onto the Cu.
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5. RESULTS
5.1 Residual Stress

Residual stress measurements have been performed on a batch of four samples
with the same nominal Cu thickness (4425A) and with four Cr thicknesses: 2204, 454,
660A and 900A. On each sample, five profilometer scans were made before and after
removing the film from the substrate. A least square regression fitting to the data gives
the deflections (8 and 87) and their respective standard deviations. The film thickness
is also obtained from the scans. The substrate thickness is measured with a digital
micrometer. The stresses obtained in this manner are plotted on Fig. 8, which indicates
that the residual stresses in the Cu and Cr layers are 50 MPa and 1575 MPa,

respectively, while the standard deviations are ~ 3%.
5.2 Interfacial Fracture Energy

For a glass substrate with a 0.44um thick Cu film, the results are summarised on
Fig. 9. When the Cr superlayer was either 22nm or 45nm thick, the bilayer remained
attached to the substrate (Fig. 10). Conversely, when the Cr layer was 90nm thick,
decohesion occured followed by curliﬁg of the film (Fig. 10). Consequently, h¢ is
between 45nm and 90nm. By introducing these values into the energy release rate
formula for the bilayer (equation 3), bounds are placed on the interface fracture energy.
For this purpose, the elastic modulus of the film is needed. Generally, polycrystalline
thin films can have a lower modulus that the bulk material, because of porosity at the
boundaries of the columnar grains. Consequently, for completeness, independent
measurement of Ef would be needed. Such measurement have yet to be performed in
this study. Instead, literature values of polycrystalline Cu and Cr thin films are used (E
= 120 GPal7 and 93 GPa,18 respectively). With these choices for Ey, the bounds on the

interface fracture energy are, 0.3<T; < 0.8Jm~2. Earlier study of Cu/Glass interfaces,
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produced by diffusion bonding and annealing, indicated that I'; usually ranged
between 0.14 to 4 Jm-2 (the highest being 8 Jm-2).19 The scatter was attributed to
surface contaminants, which influenced the bonding. The present results are at the
lower end of this range. Such results are consistent with the absence of an annealing
step, in the present study, leading to a more pronounced influence of minor
contaminants. These, in turn, reduce the potential for a contribution to I'; from plastic
dissipation in the Cu. Furthermore, the present values are compatible with the work of

adhesion (W4 = 0.5 Jm-2) for liquid Cu on Si02.20
6 CONCLUDING REMARKS

A new test procedure for measuring the interface decohesion energy I'; of metallic
thin films on non-metallic substrates has been devised, analyzed and demonstrated. The
procedure duplicates the conditions found upon decohesion induced by residual stress.
The measured values of I'j may thus be used directly, in conjunction with the mechanics
of thin films in order to predict such factors as the critical film thickness. Moreover, the
method allows a systematic study of trends in I'j with the key deposition and post-
deposition variables. These include the effect of contaminants, of active metal layers, of
annealing, electric fields, etc. Studies are now in progress which will apply the new
method to these basic issues.

Finally, since the value of I obtained from these tests are subjected to knowledge
of the elastic proﬁerﬁes of the bilaver film, simple acoustic procedures for measuring

these properties are being implemented.
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APPENDIX

THE STRAIN ENERGY RELEASE RATE

Interfacial decohesion, motivated by residual stresses in deposited thin film layers, occurs subject
to a the steady state strain energy release rate, G, when the interfacial flaw size, ag, exceeds the
film thickness.3 For thin film systems a strain energy balance may be used to calculate G,

wherein two clements, having width Aa, are chosen far ahead and far behind the growing
interfacial crack (Fig. A1). If U and Up denote the strain energies in these volume elements,
then

G.Aa=U,-U, AD
This result applies provided that the substrate thickness is much larger than the film thickness.
The element far ahead of the crack tip is in biaxial plane stress, '

o‘i = o"y = oi;
o, =¢E, /(1-v,)=¢E;

ol=t, =t,=1,=0 (=12 (A2)

where G,,0, are the residual stresses in the two layers and €,,€, the corresponding residual

strains. The elastic strain energy density associated with each layer (i = 1, 2), per unit width, is

AU: /h,Aa = (A3)

o
E,

where E, are the biaxial moduli of the film layers. Consequently, for a bilayer
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U, =TAU
2
_|oth  oohy |y, (Ad)
E ' E,

When both layers are in residual tension (as in the present experiment) and when €, > €,, the

film bends upwards after decohesion in an attempt to relax the strains (Fig. 4). The resultant
stresses in each layer can be related to the forces, Pj, moments, Mj, and curvature, x, defined in

Fig. 5, by 13

c,(z2)=P/h; + 2E x;
Exx =Mj/L;

I =h}/12 (AS)

where z now denotes the vertical distance from the neutral axis in each separate layer, whereas I
are the sectional moduli. The strain energy is then 3
1|P> M?
U, =Y—|—++—|Aa A6
’ iEEi [ h, I ] (A6)

It is now required to provide expressions that relate Pj, Mj and x to the stresses and the film
thicknesses, by using beam theory. For a bilayer, this procedure provides five linear equations
involving the five unknowns, namely P, P2, M1, M2 and k. Equilibrium dictates that, for a
bilayer

2P, =0; = P=P,=P

IM; =0; = M,+M,=P(5’-’;—h-l) (A7)
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Geometry requires that,

Ml = E.‘IIK
Mz = E‘zlzK

Strain compatibility at the interface gives

P, hyx

€+t - 22—

Eh, 2 * Eh, 2

In this case, analytical solutions for P, M; and x are obtained as!3

M, =E]lx
P = Eh} +E;h} "
6(h, +h,)
and
K = 6(hl + hz) (el - ezl

[B? + E;b}/E}b, + Eh/Eh, + b2 +3(h, +h,)]

The strain energy release rate is then (i =1, 2)

c’h. 11 P  12M,
= xSMh 1P 1M,
% = TE g [hi h; ]

The above result can be generalized for a multilayer film (i = 1, 2, 3,

unknowns is 2n+1, because each layer has two (a force, Pj, and a moment, M;j) in addition to the

curvature, K, of the film after decohesion. The solution requires 2n+1 linear equations. The first

two stem from equilibrium considerations
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ZFORCE=O; ==P1 +P2 +...+Pn =0 (Al2)
h.+h
2 M.OMENT = 0; =>):M ZP(—-*T—‘- );h ) (A13)
1=} i=] k=i+}

The next n equations relate the moments to the curvature (i=1,2,...,n)
M; =E]x. (Al4)

Finally, the remaining n-1 equations involve strain compatibility at the n-1 interfaces. For the

r-th interface, this can be expressed as (r=1, 2, ..., n-1)

s + P! + h‘K =g PI#] — h!*lK .

Eh 2 "‘Eh

?
+1% el 2

(Al5)

A program needed to solve these equations has been developed using MATLAB.
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FIGURE CAPTIONS

Fig. 1.
Fig. 2.
Fig. 3.
Fig. 4
Fig. 5.
Fig. 6
Fig. 7.
Fig. 8.
Fig. 9

Fig. 10.

Fig. Al.

A schematic indicating the effect of loading mixity on the interface fracture
energy, I'i. The values used are typical for metal/oxide interfaces. Also shown
is a schematic of crack growth with plastic dissipation.

Some test methods used to measure the interface fracture energy.

Effect of metal yield strength on the interface fracture energy: Op is the yield
strength, G the bond strength and Aa the crack extention (Tvergaard and
Hutchinson).

. A schematic showing the behavior of a bilayer film subject to residual tension

as it decoheres from the substrate. The stresses G,,0, are the misfit stresses,
which provide the forces P; and the moments M; in the metal bilayer above the
decohesion crack. The curvature of the decohered bilayer film is x.

The procedure used to measure the debond energy of the interface.

. A flow chart indicating the sequence used to measure the debond energy.

An optical micrograph of the processed test specimen.

A plot of the total film stress with the normalized Cr layer thickness.

. A plot of the calculated energy release rates with the normalized Cr layer

thickness. Also shown are the lines seperating the film that decohered from
that which remained attached and associated bounds in the interface fracture
energy.

Specimens providing the lower and upper bounds in the fracture energy, with
the Cr superlayer thickness (A) hy = 450A, below the critical thickness and (B)
hy =900A, above the critical thickness.

A schematic describing the energy balance approach te find the strain energy
release rate for a bilayer thin film.
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ABSTRACT

The debonding and sliding resistances of interfaces formed between Mo and Al;03
have been measured. The Mo/ Alz0; interface exhibits a relatively low interfacial fracture
energy, I';, comparable in magnitude to the work of adhesion, Waq. Debonding appears
to occur with minimal plastic dissipation in the metal. Fine-scale plasticity phenomena
occurring near the debond, within the Mo, are considered responsible for this behavior.
The sliding resistance of the interface, subsequent to debonding, was found to depend on
the shear yield strength of the Mo, consistent with observations of plastic grooving
during fiber pull-out in composites containing Mo-coated sapphire fibers.
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1. INTRODUCTION

The failure of interfaces between metals and oxides occurs by a variety of
mechanisms.1-3 In the absence of reaction products, some interfaces exhibit ductile
fracture.14 Others fail by brittle debonding, but with plastic dissipation occurring in the
metal.56 When reaction products form or interlayers exist, the behavior is usually
brittle. The fracture accurs either within the reaction product or at one of the interfaces’8
(usually, the metal/interphase interface).

Most bimaterial interfaces produced at high homologous temperatures exhibit a
fracture energy, I'j, substantially larger than the work of adhesion, Wyq.19 Notable
exceptions include the interfaces between Al>O3 and certain refractory metals,
particularly Mo.1.10 These have fracture energies, I'i = Waq. This phenomenon has not
been explained. One motivation for the present study is to address the origin of the low
fracture energy found for the Mo/ AlyO; interface.

There are two basic approaches for creating a metal/oxide interface with a small
debond energy. These approaches are evident from the basic correlation between the
work of adhesion and the plastic dissipation10-12

L -~ W.2(5/c,) ‘ )

where the plastic dissipation parameter P is ‘a function of the ratio between the peak
stress, 3, needed to rupture the interface bonds and O,, the uniaxial yield strength of
the matrix. Calculations conducted using continuum concepts predict variations in 2
upon interface crack extension, Aa (Fig. 1).11 Clearly, I'; = Waq, when S/ O, is small.
Moreover, Wy is related to the bond rupture stress by,10,12

W, = &a,/2 @)
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where a, is the separation distance of atoms across the interface. From Eqns. (1) and (2),
it is evident that debonding can be encouraged either by having a small work of
adhesion, or by using a high yield strength metal. These properties can be affected by
segregation and alloying. Segregation changes 6,10, whereas alloying influences G,.
Such effects are addressed for Al0O3/Mo interfaces by measuring Waq and O,, and then
relating these tc measurements of I'y. In Mo, the strong influence of oxygen on flow
strength and ductility,!3 has special relevance.

The Mo/ Al;O3 interface also has thermomechanical characteristics consistent with
those needed for Al>O3 fiber reinforcements, which impart high composite strength, as
well as good fracture and fatigue resistance.13-16 In this application, not only are small
values of I preferred, but also the sliding along debonded interfaces must occur with a
controlled shear resistance, T. This study addresses measurement of T17 and

relationships with the interface structure.

2. MATERIALS AND PROCESSING

Interfaces between Mo and either sapphire or polycrystalline Al;03 have been
investigated. The sapphire used to create these interfaces had two basic geometries,
either discs with basal plane orientation, or fibers with c-axis orientation.¥ In some
cases, polycrystalline Al,O3 plates, with two different compositions, have been used
instead of sapphire.H Bodies comprising Mo-coated sapphire fibers in polycrystalline
Al;03 matrices produced from a high purity powder,## have also been studied.

Precautions have been taken to minimize the oxygen present in the Mo, by using

high purity material and by conducting all steps of the bonding in environments with

1 Supplied by Sapphikon
# Coors AD-995 and Coors AD-96
H+ Sumitomo Chemical Company, Inc.
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low oxygen partial pressure. The Mo was. deposited onto the sapphire either by
evaporation or sputtering from high purity (> 99.9%) targets. Sputtered material was
deposited in an RF. diode unit, in an atmosphere that comprised research grade argon
at 6 millitorr working gas pressure. The top and bottom target voltages were
maintained at 3kV and 0.5kV, respectively. Typical sputtered coating thicknesses were
~ 5 pumn for planar substrates and 0.7-1.4 um for fibers.” Coatings deposited by electron
beam evaporation were produced at relatively high vacuum (<106 torr). Evaporated
coating thicknesses were ~0.5 um. A glow discharge cleaning procedure was used prior
to deposition.

The coated discs were diffusion bonded at relatively high vacuum (< 106 torr). In
some c- ses, a high purity (>99.95%) Mo foil* (127 pm) was inserted between the Mo
coated surfaces prior to bonding. The diffusion bonding was conducted at 1450°C for
12 h, using an applied pressure of 3-5 MPa. The fiber-containing composites were
produced by hot pressing. For this purpose, the coated sapphire fibers were
incorporated into an AlO3 matrix and consolidated at 1500°C for 120 min., using an
applied pressure of ~ 2 MPa.

3. ANALYTICAL TECHNIQUES

All interfaces were examined using transmission electron microscopy (TEM)
techniques. For this purpose, electron transp&ent foils were prepared by cutting thin
slices with a low speed diamond saw perpendicular either to the bonded surface or the
fiber axis. These slices were ground to roughly 100 jm using diamond paste and 3 mm
diameter discs were ultrasonically drilled. One side was polished with 3 um diamond
paste. The other side was dimple ground using 3 and 1 im pastes, followed by a 1 /4

** The fibers were rotated during coating at ~ 1 rpm.
* Johnson Mattheys
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pm final polish. Subsequent thinning was accomplished by ion milling with Ar at 5kV,
1mA and 14° incidence angle. In many cases, thin foil cross-sections could not be
produced because of the tendency to debond at the interfaces. In such cases, the coating
was first removed from the substrate and mounted on a copper grid. All samples were
examined” in a microscope equipped with a high take-off angle energy dispersive
spectroscopy system. Crystallographic computations, simulations and indexing of
diffraction patterns were carried out with the Diffract software. As-sputtered coatings
were also examined using PEELS.

Scanning Auger microscopy (SAM) was used to characterize the interface
chemistry, with spectra collected from debonded interfaces.¥ Depth profiles were
performed by Ar ion sputtering of the Mo fracture surface. Debonded surfaces were
also examined by scanning electron microscopy (SEM).* For this purpose, a thin carbon
or gold layer was evaporated onto the surfaces. Chemical analyses were performed on
surface features by using energy dispersive X-ray (EDS) methods.® The same surfaces
were analyzed by X-ray diffraction methods.®

The morphology of the debond surfaces was established using atomic force
microscopy (AFM).}

4. MECHANICAL MEASUREMENTS

The fracture energies of the Al;03/ Mo interfaces were measured by using either
four point flexure618 or Hertzian indentation.19 In both cases, interface debonding was
monitored in situ, with an optical microscope focused through the sapphire layer. The

* JOEL 2000FX TEM at 200 kV

1 Perkin Elmer PHI 660 Auger microscope
** Jeol SM840 SEM

* Tracor Northern TN5500 system

© Scintag XIDS2000 diffractometer

* Nanoscope I from Digital Instruments

KJS 121183 6




fracture energy, I'; was ascertained from the loads at which the cracks extended, as weh
as the specimen dimensions.18:19 For flexure tests, a pre-crack was introduced along the
interface by propagating a controlled crack from a row of indentations emplaced on one
of the sapphire surfaces.6 A typical debond region is depicted in Fig. 2. In systems
produced with either the higher purity polycrystalline AlyO3 or sapphire, the loads at
which these precracks extended gave debond energies in the range, I'i = 14 Jm-2.
These results were insensitive to the Mo deposition method (sputtering or evaporation)
and to the Mo thickness. Conversely, when the lower purity AlO3 was used, I'j was
substantially larger. It was typically in the range, I; = 10-20 Jm-2.

The sliding behavior was measured on hot pressed fiber specimens by using a fiber
push-through test method.10:17 Typical load-displacement curves involve a load drop,
indicative of interface debonding, followed by fiber push-out (Fig. 3). The loads at
which push-through displacements initiated (Fig. 3) gave the sliding resistance T. It was
found to be in the range, T = 130-225 MPa. Grooves in the Mo were evident along the
push-out zone (Fig. 4), indicative of plastic deformation occurring within the Mo.

The yield strength of the Mo subsequent to diffusion bonding was determined by
microhardness measurements. The measurements were made at low loads, such that
the indentation depth was less than 1/3 the Mo layer thickness. The results gave a
hardness in the range, H = 900 MPa for the Mo foil after bonding. The corresponding
uniaxial yield strength is,21 G, ~ H/3 ~ 300 MPa. The sputtered coatings, deposited
on t.:¢ sapphire fibers, gave larger values of hafdnss, corresponding to G, ~ 600 MPa.

5. INTERFACE STRUCTURE

The cross-section of an as-deposited, sputtered, Mo layer revealed a columnar
growth structure with faceted grains, ~ 100 nm in diameter (Fig. 5). Diffraction patterns
(Fig. 6) were consistent with the pattern simulated for randomly oriented grains with a
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common < 111 > direction. Furthermore, PEELS results indicated the presence of thin
oxide layers located both at the free surface and at the film/substrate interface.

All of the materials, regardless of the methods used to prepare the Mo, exhibited
some metal oxide formation along the interfaces. Usually this oxide was intermittent.
After debonding, the oxide was invariably attached to the sapphire, as evident from
views of the sapphire side of a fracture surface (Fig. 7). Image analysis on sapphire
fracture surfaces revealed an area of fraction of oxide grains of ~ 0.2. X-ray diffraction
patterns obtained from these surfaces indicated that the oxide was MoO. The presence
of an oxide was further verified by SAM studies of the same surfaces.

In the system produced using the lower purity alumina (Fig. 8), the metal oxide
layer was continuous, ~ 300 nm thick and could be analyzed by cross section TEM. This
oxide phase was identified by tilting experiments, performed on single grains, to obtain
diffraction patterns for the [101], [102], and the [213] zone axes (Fig. 9a, b, ¢), which
could be compared with patterns simulated for monoclinic MoO2 (Fig. 94, e, f). The
simulations were achieved by using the space group, lattice parameters and fractional
atom positions listed in Tablel. The oxide consistently exhibited an orientation
relationship with the sapphire substrates, exemplified by the diffraction pattern in
Figs. 10a and b, which show the [1100] sapphire // [ 120] MoO, and [2110} sapphire //
[320] MoO, respectively. The orientation relationship may be described by

(0001)sapphire // (00 :)Mio0,
[1210)gapphire // [0101Mo0,

A structure diagram of the sapphire basal plane and the (001) plane in MoO, oriented

with the above crystallographic relationships indicate the resemblance of the oxygen
sub-lattices (Fig. 11). The distance between two oxygen atoms along the [1210] direction
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in sapphire is 4.76 A. ThedistancebetweentwooxygenamintheMoOzalongd\e
[010) direction is 4.86A. This misfit is less than 2% and supports the observed preference
for this orientation relationship.

Also observed in this system was a continuous amorphous phase separating the
MoO; layer from the Mo. These regions had chemical composition, 61 Si, 28 Al, 6 Ca,
3.5 Mg, 1.5 K (in atomic percent for metallic constituents only), as determined by EDS.
The silicate was also observed throughout the Mo pore channels. In addition, MgAl;O4
spinel, with two distinct morphologies, was identified at the interface between the
polycrystalline Al20O3 and the Mo (Fig. 12). These consisted of either block precipitates
or a semicontinuous layer.

For bonds made with high purity Al;03, a non-planar interface formed between
the sapphire and the Mo (Fig. 13) with no apparent orientation relationship. A number
of small (300400 nm) MoO; grains were usually present throughout the sputtered Mo.
The average grain diameter was 2-5 jim, indicating that there had been substantial grain
growth during processing. Matching topographic features were evident in regions of
direct contact between the sapphire and the Mo. These features formed by interface and
surface diffusion, both in the Aly0O3 and the Mo, during diffusion bonding.

Measurements of the profiles around the grain boundaries in the Mo, obtained
both by TEM (Fig. 14) and AFM (Fig. 15) provided estimates of the dihedral angle.
These are in the range, 130 + 14°. Non-matching features also exist, which relate to
residual porosity at the interface. The area ﬁa&n of such porosity was =~ 0.45 for the
sputtered Mo.

The oxygen content measured by SAM ranged between 4 and 6 atom %
throughout the layer, despite precautions taken to minimize access of oxygen. The
solubility limit of oxygen in Mo is ~ 0.2 atom %. The presence of Mo(s; oxide grains in

the Mo is consistent with these measurements.
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6. DISCUSSION
6.1 Debonding

The measured debond energy appears to be relatively invariant and thus,
insensitive to the amounts of either interface porosity or MoO; detected on the sapphire
side of the debond surface. Such observations suggest that both the Mo/Al03 and the
Mo/MoO; interfaces have low fracture energies. Conversely, failure never occurs at the
Al,O3/Mo0; interface. Its resistance to failure must be relatively high. This is consistent
with the results of other investigations for oxide/oxide interfaces.10 Subsequent
emphasis is given to the metal/oxide interfaces.

An attempt is made to understand the small value of I'j based on separate
assessments of Wyq and Gy, in accordance with the concepts expressed in Eqns. (1) and
(2). The dihedral angle, ¢, measurements provide one estimate of W,q. These angles,
established at high temperatures, relate the equilibrium interface energy, ¥, to the Mo

grain boundary energy, Yp, through the relationship
Y» = 27,008¢ 3)
Atomistic calculations?? suggest that Yy, for Mo is in the range, Yp = 1.2+ 0.6 Jm-2. The

interface energy is thus, ¥; = 1.5 1.2 Jm-2. The interface energy is, in turn, related to
the work of adhesion by10

Wit = YotdetTmo = Vi @

where Yoxide is the surface energy for either Al03 or MoO2 and 'Y o is the Mo surface
energy. Again, atomistic calculations provide the equilibrium energies:22,23
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Ymo ~ 2.0£0.2Jm2 and Ya1,0; = 11 0.1 Jm2 for the basal plane. With these values,
the work of adhesion is determined to be in the range, Wag = 1.7+ 1.1 Jm2.

This work of adhesion is typical of that found for many other metal/oxide
interfaces.? It is also similar in magnitude to the measured debond energies, I';.
Consequently, there is a minimal contribution to I'; from plastic dissipation. Yet, G, is
only somewhat larger than the range found for other metal/oxide interfaces, which
exhibit much larger debond energies, (T'j >> W,q). There is no obvious rationale, at this
level of analysis, for the low I'; found for the Mo/Al;O3 interface. Further
understanding must be based on more quantitative measurements and calculations.

The continuum phsﬁdty analysis of crack growth (Fig. 1) requires that o/ Cp<3,
for the measured I';j/Wad (1.5 - 6.0). Consistency with Eqn. (2) thus requires that

c,a,/W, > 07 )

For the Mo/ Al;O3 interface, a, is not known. However, for similar interfaces, such as
Nb/ Al,03, atomistic calculations give, ao = 0.3 nm.25 If this a, is appropriate, since
Wad ~ 1/2-2]Jm2and G, ~ 300-600 MPa, then G, a5/ Waq is in the range 0.05 — 0.4.
This does not satisfy Eqn. (5).% A full understanding of the debond energy must involve
fine-scale plasticity phenomena occurring near the interface crack front.1.24 The
influence of this zone, width D, on the steady-state interface fracture energy (Fig. 16)
provides perspective through the non-dimensional parameter, D 62/EW,4. Upon
inserting measured values of I'y, Wag and G, for the Mo/ Al,O; interface, Fig. 16 gives
D =~ 25 nm. Much larger values obtain for other metal/oxide interfaces (D =~ 0.2 um24)
because of the strong sensitivity of D to yield strength (D ~ 67, Fig. 16). This analysis

$ Moreover, in other metal/oxide interfaces, there is a more considerable discrepancy with Eqn (5).!
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reinforces the need to understand fine-scale plasticity and its association with D for
different metal/oxide interfaces.

The interface between Mo and low purity polycrystalline Al70O3 has a considerably
greater debond resistance than that between Mo and pure Aly03. The development of
silicate phases in the bond zone (by viscous flow out of the alumina) appears to be
responsible. In this case, the fracture energy is similar to that for the silicate phase itself
(T'j = 10 Jm-2), which fractures as the bond separates. Similar results have been obtained
for Pt/ Al;03 interfaces.8 This behavior is probably responsible for the ‘high strength’
that occurs when low purity AlyO3 is bonded with Mo, for metal/ceramic seal
technology.

6.2 Sliding

The observation of plastic grooving (Fig. 4), suggests that slip is controlled by
shear yielding of the Mo. This should occur at a stress, T = Go/+3. Based on the
hardness measurements for the sputtered Mo coatings (G, ~ 600 MPa), sliding by shear
yielding should occur at T = 340 MPa. This is about twice the measured sliding
resistance, T = 130-225 MPa (Fig. 3). However, sliding only occurs at contact points
along the interface (Fig. 4). By normalizing the sliding resistance with the ratio of the
contact area to fiber surface area, the lower measured values are compatible with a plastic
grooving mechanism.

7. CONCLUSIONS

The mechanical properties of molybdenum/alumina interfaces have been
investigated. The fracture energy I'; was compared to the work of adhesion, Wyq
estimated using AFM and TEM techniques. The range of values obtained for Wyg are
similar to measurements for other metal/ceramic systems. However, unlike other
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systems, the measured fracture energy is similar to the work of adhesion, indicating that
plastic dissipation in the molybdenum is minimal. Furthermore, fractographic
examinations of failed interfaces show no discernible deformation. Yet, quantitative
distinctions between Mo/ Al203 and other metal/oxide interfaces, based on W,q and
the yield strength, G, have not been identified. However, the inference that the zone of
fine-scale plasticity occurring near the interface is smaller for Mo/ Al,O3, than other
interfaces is considered relevant. A full understanding awaits further analysis of fine-
scale plasticity.

The interfacial fracture energies were found to be sensitive to the alumina purity
but only weakly dependent on the method used to prepare the Mo. The apparent
insensitivity to the Mo processing conditions may result from the presence of oxygen (in
solution and as oxides), which was invariably present throughout the metal layer and at
the interfaces. The role of oxygen in the fracture process remains unclear, in part
because it is difficult to eliminate. The effect of alumina impurities appears to be
relatively straightforward. The fracture energy is increased when the silicate phase
migrates from the polycrystalline alumina to the Mo/sapphire interface. For this case
the interface exhibits the fracture resistance of the amorphous interphase.

The sliding resistance, T, of the Mo/sapphire interface was found to be about half
the shear yield strength of the metal. The basic scaling between? and O, has important
ramifications for ductile coating concepts for ceramic matrix composites. Clearly, the
coating yield strength emerges as a key paraméter for controlling the interfacial sliding

resistance.
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TABLE 1

Structure Type, Space Group, Lattice Parameters, Wyckoff Position and
Fractional Atom Coordinates for the Structures Identified in This Study

Elructure] SpaceGroupJ Unit cell (A) I Atom I FtactiomlCoordinamJ

Mo Im3m a=3.1470 [Mo(2a)| 0000 | 0000 | 0000
MoO, P21/c a=56109 [Mo(4e)| 2316 | 9916 | 0164
b = 4.8562 O1(4e) | 1123 | 2171 | 2335
¢ =5.6285 Ox(4e) | 3908 | 6969 | 2987

B=120.95
AlLOs Ri3c a=4754 Al(12c)| 0000 | 0000 | 3523
c=1299 O(18e) | 3064 | 0000 | 2500
Al;MgOy Fd3m a=8075 |Al(l6d)| 5000 | 5000 | 5000
Mg(8a)| 1250 | 1250 | 1250
O@(2e)| 2510 | 2510 | 2510
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FIGURE CAPTIONS

Fig. 1. Effects of the ratio of yield strength, G, to the bond strength,'c\x on the relative
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debond resistance of metal/ceramic interfaces (Tvergaard and Hutchinson):12
calculations performed assuming continuum plasticity.

Optical observation of debonded region at Mo/sapphire interface.

Typical push-out curve for Mo-coated sapphire fibers in an Al03 matrix. T is
the sliding stress.

SEM image of push-out zone showing grooves on Mo.
TEM view of faceted Mo grains ~ 100 nm in diameter in as-deposited Mo film.

Diffraction patterns of sputtered Mo film, which indicate a common < 111 >
zone; a) measured pattern, b) simulated pattern.

SEM image of sapphire fracture surface showing metal oxide attached to
sapphire. The light grey grains are MoO».

TEM image of continuous oxide layer formed with lower purity Al203.

a-c) Diffraction patterns for the [101], [102] and [213] zone axes.
d-f) Corresponding simulated patterns.

Diffraction patterns for Mo oxide indicating orientation relationships.
Oxygen sublattice of (0001) sapphire resembles that of (001) MoO».
TEM imaged MgAlyOy4 spinel at the interface between Al203 and Mo.

TEM image of a non-planar interface between sapphire and Mo with no
orientation relationship.

TEM image of dihedral angles (arrowed) formed between a sapphire fiber and
Mo grain boundaries.
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Fig. 15.

Fig. 16.
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-]

a) AFM trace across Mo grain boundaries at the interface. b) Correspondmg
image. The grain boundary at 0 is highlighted by the arrows on the trace in (a).

Effects of fine-scale plasticity in a zone, width D, on the steady-state debond
energy, Is.
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ABSTRACT

The role of the interface in redistributing stress around cracks in multilayered
ceramic/metal composites is investigated. The emphasis is on the different effects of
interfacial debonding or of plastic slip in the metal phase adjacent to strongly bonded
interfaces. The experiments are conducted on alumina/aluminum multilayered
composites. Monotonic loading precracked test pieces causes plastic shear deformation
within the aluminum layer at the tip of the notch without debonding. However,
interfacial debonding can be induced by cyclic loading, in accordance with a classical
fatigue mechanism. Measurements of the stress around the crack demonstrate that

debonding is much more effective than slip at reducing the stress ahead of the crack.
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1. INTRODUCTION

In layered materials with alternating ductile and brittle constituents, various
modes of crack growth are possible.1-6 Under in-plane loading, cracks form in the brittle
layers. A crack in one layer may induce cracks in an adjacent layer. Whether or not this
occurs depends upon the nature of the stress concentration transmitted across the
intervening ductile material. If this stress concentration is large, a series of near-
coplanar cracks form, which can be viewed as a single, dominant crack. Conversely, a
weakened stress concentration allows distributed damage. The stress concentration may
be reduced either by debohding at the interface between the brittle and ductile layers or
plastic slip within the ductile layers. An asymptotic calculation$ (Fig. 1) predicts that
debonding is more effective than slip at reducing the peak stress in the intact brittle
layers and hence, should suppress crack renucleation. This prediction has yet to be
verified by experiment.

The incidence of debonaing, as opposed to slip adjacent to interfaces is influenced
by the loading history. Interfaces that remain bonded upon monotonic loading may
debond upon cyclic loading.” Moreover, the ratio of mode II (shear) to mode I (tensile)
loading acting upon an interface crack may affect the relative tendencies for debonding
and slip.8

The three objectives of this study are as follows. (i) Contrast the debonding and
sliding characteristics of interfaces subject to monotonic and cyclic loads. (ii) Examine
the validity of models for the role of debonding and sliding on stress redistribution.
This is achieved by comparing predicted stresses with measured stresses. For this
purpose, the fluorescence spectroscopy method is used with aluminum oxide/Al
multilayers. (iii) Establish the basic mechanism of cyclic debonding (fatigue) at

metal /ceramic interfaces.
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2. EXPERIMENTAL METHODS
2.1 Materials

Multilayered composites of Al and AlyO3 were prepared by diffusion bonding.14
For this purpose, thin discs of sapphire and polycrystalline Al203 were mechanically
polished with diamond, to produce planar, parallel surfaces, which were then heat
treated in air at 1000°C for 1 h to remove carbon based impurities. Thin sheets of Al (40,
100 or 250 im thick) were prepared from 99.99% pure foils by cold rolling. These were
interspersed between the sapphire and Al;O3 plates, with a sapphire layer on one
outside surface and AlyO3 layers elsewhere. The layers were then vacuum hot pressed
at temperatures of 640°C at a compressive stress of ~5 MPa for 48 h, resulting in a
diffusion bond with essentially no residual porosity.

The diffusion-bonded discs were cut into beams suitable for flexural testing
(dimensions ~ 3 x 3.5 x 50 mm) by using a diamond saw. Both side surfaces were
polished to an optical finish to facilitate observations of interfacial debonding and crack

growth, as well as for stress measurements.
2.2 Mechanical Tests

The location of the dominant crack in each specimen was pre-determined by
placing a row of 50 N Knoop indentations, 500 lm apart, into the sapphire surface
(Fig. 2). Direct observation of the specimen, using a long focal length optical
microscope, revealed that these indentations produced precracks approximately
50-100 km in length. The specimen was then loaded in four-point flexure with the
indented surface in tension, within a fixture that permitted in situ monitoring of the side
surfaces of the beams by using an optical microscope (Fig. 2). At a critical load, the flaws
coalesced into a crack that propagated unstably, but arrested at the metal/sapphire

interface.
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These precracked specimens were loaded either monotonically or cyclically in
four-point flexure. During each cyclic loading experiment, the range of load, AP, and
the peak load, Pmax, were kept constant. The tests were interrupted after 1000, 5000 and
20,000-50,000 cycles to allow observation of the interface between the sapphire and the
first aluminum layer. Interfacial debond cracks (Fig. 3a, b) were characterized by
viewing through the transparent sapphire using an optical microscope. The growth
rates of interfacial cracks were also determined in this manner. Following the cyclic
experiments, the interfacial cracks were characterized further by scanning electron
microscopy, after removal of the sapphire layer by fracture of the specimen.

2.3 Stress Measurement

After cycling, some specimens were reloaded in flexure, using a fixture located on
the stage of a Raman microprobe.t This apparatus allows stress measurement by
fluorescence spectroscopy within the Al»O3.9 The loads were monitored using a
miniature load cell. Chromium fluorescence spectra were collected at sites within the
intact Al;03 layer ahead of the precrack, as indicated in Fig. 2, with the specimen in
both the loaded and unloaded states. Analysis of these spectra gave fluorescence peak
locations that provided a measure of the stress in the Al,O3 layer: the relation between
peak shift and stress was obtained from a separate series of calibration experiments
(Section 4.1). In polycrystalline alumina, the method has ~ 20 MPa stress resolution and
100-200 pm spatial resolution.%-11

In some cases, the precrack was extended into the underlying Al,O3 layers by
monotonic loading. Again, cyclic loading experiments were conducted and the
responses of the intervening Al layers were characterized by using both optical and

scanning electron microscopy (SEM).

* Instruments SA, Model U1000.
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3. INTERFACE RESPONSE

Monotonic loading of precracked specimens caused plastic slip within the metal
layer at the tip of the precrack, prior to crack renucleation in the next Al;Oj3 layer. The
characteristics of such plasticity have been measured using high-resolution strain
mapping techniques.4 Cracks formed sequentially in adjacent polycrystalline Al,O3
layers, with increasing load. Each crack was nearly coplanar with the precrack. By
considering this assembly as a dominant, mode I crack and by measuring its length, a
nominal crack growth resistance, Kg, was determined from the applied loads (Fig. 4).

Cydlic loading of similar precracked specimens gave a different response. When
the peak load was below that at which a crack renucleated in the next Al;O3 layer, stable
debonding occurred along the sapphire/Al interface (Fig. 3). The crack growth rate,
da/dN, was found to decrease slightly with increase in crack length, L, for a given load
range, AP (typically by a factor of 24 after 20,000-50,000 cycles). After fracturing the
specimen to remove the sapphire from the region above the interface fatigue crack,
classical fatigue striations were observed by scanning electron microscopy on the Al
crack surface (Fig. 5). In the case shown in Fig. 5, the striation spacing is about equal to
the crack extension per cycle (~ 1 im/cycle). Moreover, the striations are strongly
affected by crystallography, having different orientations in different grains (Fig. 5b).
The basic crack growth mechanism thus appears to be similar to that occurring in
monolithic alloys.12-15

The range of energy release rates, AG, applicable to each cyclic loading experiment
was estimated from the load range, AP, by using a previous analysis of the flexural
geometry (Fig. 2).16,17 The analysis provides solutions for steady-state cracks
(Ls/ao > 0.4) in homogeneous elastic beams with no residual stress.1? The estimates
were obtained by neglecting the effect of residual stress and plasticity in the metal on G
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and by using the steady-state formulae. The present results were obtained for
0.2 < Lg/a, < 4.0, except for the lower left point in Fig. 6, where Ls/a, ~ 0.04. Note that
these results refer to mixed-mode cyclic debonding16 with a mode mixity, y = 50°.
These values of AG, in conjunction with the crack growth rates per cycle, da/dN, allow
comparison with fatigue data for monolithic aluminum alloys obtained from the
literature (Fig. 6 and TableI).18-20 It is evident that the rates of cyclic interfacial
debonding exceed the mode I fatigue crack growth rates for monolithic alloys, at all AG
used during the present investigation. Therefore, mixed-mode fatigue crack growth can
occur along strongly bonded metal/ceramic interfaces in preference to mode I crack
growth through the alloy. These interface measurements complement data obtained
previously in mode 1.7

Conversely, in specimens that had been loaded monotonically to grow a crack
through several, successive AlyO3 layers, subsequent cyclic loading caused rapid fatigue
failure of the intervening, intact Al layers. This occurred by mode I cyclic growth
emanating from cracks in the adjacent alumina layers (Fig. 7). Similar results have been
reported for multilayered intermetallic/ metal composites.21

4. STRESS MEASUREMENTS AND COMPARISON WITH THEORY

4.1 Piezospectroscopic Calibration

The relationship between the applied stress, Gj;, and the fluorescence peak shift,

Av, is a tensorial relation,10

Av = IL;o; (1)

where Ilj; are the piezospectroscopic coefficients. It has been shown that the off-

diagonal components of Iljj are negligibly small for the fluorescence peaks of chromium
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in aluminum oxide.10 This expression may be further simplified for a polycrystalline
material to10

Av = Qo, (2)

where Q = 1/3 (Il1; + 172 + [133) and Oky is the sum of the principal stresses,
Okk = O11 + 022 + O33.

The coefficient, Q, for the stress dependence of the R chromium fluorescence peak
in the alumina used in the present case was calibrated by collecting spectra from the
side surface of a polished alumina beam subjected to various levels of four-point
flexural loading. These spectra were analyzed to yield the relative peak position as a
function of applied stress (Fig. 8). From these results, Q = 2.48 + 0.05 cm-1/GPa:
consistent with values previously reported for alumina (2.46-2.52 cm"1/GPa).10

4.2 Stresses

The distributions of stress before and after monotonic and cydlic loading were
measured by optical fluorescence. In each specimen, the measurements were obtained
from the first intact AlyOj3 layer along a line 20 tm from the interface with the metal
layer. Typical results are shown in Fig. 9. The stress distribution during monotonic
loading (at K = 7 MPa+m ) exhibited a broad maximum ahead of the crack front. After
unloading, the stress along the same line exhibited a minimum ahead of the crack front
(Fig. 9). The measured peak stress at the maximum load is similar to that given by the
solution for a homogeneous elastic body (Appendix A), consistent with previous
measurements in other ceramic/metal multilayered composites.4.11 These have shown
that slip in the metal layer does not diminish the Oyy stress in the ceramic layer ahead of
the crack tip (Fig. 1) significantly, unless the relative slip length, Lp/h, is large (> 10).6
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After cyclic loading to attain a debond length, Ls > 2 mm,? the stress concentration
ahead of the crack was found to be eliminated, within the sensitivity of the fluorescence
measurements (Fig. 9). Comparison of this result with analysis is complicated by finite
geometry effects: because of the large values of the ratio: debond length/precrack
length, Lg/h = 5, the asymptotic solution (Fig. 1) is not relevant. A finite element
solution has thus been obtained for the specific flexural geometry used in these tests.
The solution (Fig. 10) establishes that, for Ls/a, = 5, the stress concentration ahead of
the precrack is, indeed, eliminated. These measurements and calculations directly
confirm that debonding is more effective than plastic slip at reducing the stress ahead of

a crack in ceramic/metal multilayers.

5. FATIGUE CRACK TRAJECTORIES

Two trajectories are possible for a fatigue crack arrested at the interface (Fig. 11).
The crack may propagate into the metal under essentially mode I conditions (Fig. 7).
Alternatively, it may deflect and propagate along the interface (Fig. 3). The parameters
controlling the choice between these two trajectories are the relative strain energy
release rate ranges, AG, the crack growth rates, da/dN and the mode mixity, Y. For a
surface crack, AG for mixed mode growth along the interface is less than AG for mode I
growth through the Al alloy (Appendix B). Nevertheless, in flexural loading, for which
Y = 50° 8 (Section 3), growth along the interface is preferred for both the Al/sapphire
and the Al/polycrystalline alumina interfaces. This behavior arises because at given AgG,
the mixed-mode interfacial crack growth rate, da/dN is larger than the mode I growth
rate through the alloy (Fig. 12), as elaborated in Appendix B.

$(AK = 5MPaVm and Kmax = 7MPaVm)
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The preference for fatigue crack growth through the metal rather than along the
interface when the metal layer is one of the intact ligaments remaining after monotonic
cracking of several ceramic layers, as in Fig. 7, now remains to be explained. The
relative values of AG for interfacial debonding and growth through the Al alloy are
essentially the same as for the surface crack (Appendix B). One significant difference,
however, is the mode mixity. For interfacial debonding at metal ligaments, the loading
is mode II8 (¥ = 90°). It is likely that mode II cyclic debond rates are considerably
lower than those measured in mixed mode, because of crack face contact.22.23 It is
plausible that the debond rate is reduced to such a level that mode I ligament failure is
preferred. If these arguments are correct, the effect of mode mixity on the cyclic
debonding of the interface has major implications for the fatigue performance of
multilayers.

The basic mechanisms that determine the different cyclic crack growth rates are
governed by the cydlic stresses and strains that occur near the crack tip. For a crack near
a bimaterial interface, the cyclic shear stresses can exceed those expected in a monolithic
alloy.24 These large stress amplitudes should coincide with a larger cyclic growth rate
near the interface, at the equivalent loading mode. However, a comprehensive analysis
that relates these stress amplitudes to crack growth for a range of mode mixities is

needed to rationalize the behaviors found in this study.

6. CONCLUDING REMARKS

Two competing mechanisms of fatigue cracking have been observed in Al03/Al
multilayers. Mixed-mode cracks extend along the metal/ceramic interfaces, normal to
the tip of a main crack, in accordance with a classical fatigue mechanism. Conversely,
intact metal ligaments rupture rapidly by mode I fatigue crack growth. The interfacial
cracking at the crack tip has the beneficial effect of reducing the stresses ahead of the
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main crack and thereby suppressing further growth of that crack. The rupture of
ligaments in the crack wake is ci»trimental, because it reduces the crack tip shielding
imparted by the bridging ligaments. This duality in fatigue behavior might be exploited
in order to optimize the fatigue resistance of metal/ceramic multilayers.

The mixed mode fatigue crack growth rate along the Al/AlyOj3 interface exceeds
the mode I rate in monolithic Al alloys. The large growth rate arises because of the
enhanced shear stress amplitude at the tip when the crack is at a bimaterial interface.25
Further analysis of the relationship between the growth rates in the interface and the
alloy is in progress.

The experimental measurements of the relative effects of slip and debonding on
stress redistribution ahead of a model crack are consistent with calculations.6
Debonding was found to be substantially more effective than slip at reducing the stress.
The development of interfaces that experience controlled debonding upon either cyclic
loading or monotonic loading thus represents an opportunity for achieving fracture and

fatigue-resistant layered materials.
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APPENDIX A

Fluorescence Measurements And Probe Size Effects

The signal intensity at a given frequency within a fluorescence spectrum of a
stress-sensitive material is influenced by the state of stress of the material throughout
the volume sampled by the probe. If stress gradients are significant within this volume,
calculation of the fluorescence peak position requires a somewhat complicated
calculation of the entire spectrum. To obtain an estimate of probe size effects in the
present experiments, a simpler calculation, which assumes that the measured peak
position is a weighted average of the peak positions from each element within the
sampling volume, was used:

y.

x* y* x*
O (Xor¥o) = J [ou (x.y)R(x, - x, ¥, - y) dxdy | jR(x,y) dxdy (A1)

e ' e
where R(x-xg, y-yo) is the probe response function, Okk (x, y) is the local stress field and
x* and y* represent the boundaries of the region from which the probe collects
information.

Previous studies have established that the stresses of interest for layered materials
with strongly bonded interfaces are given to a good approximation by the asymptotic
elastic field around a crack in a homogenous body.24 For mode I loading, the stress, Gxx

(x, y) is, therefore, 25

ou(xy) = [K\[ (2/(1c(x2 + yz)" )) ]ws(t@" (%) 2) (A2)
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where x and y are the Cartesian coordinates measured from the crack tip. In the present
analysis, the measured stress is compared with this solution at the location directly
opposite the precrack (x = hy, y = 0), where Eqn. (A2) becomes

2K, (A3)

Oy =

2rnh

The response function was characterized experimentally by placing the probe on a
horizontal surface of a thick beam of alumina, at a location immediately adjacent to a
vertical free surface. The intensity of the signal was measured as the probe was
translated away from the vertical surface, until the signal reached a level that did not
change appreciably with further movement of the probe.The results were consistent
with a response function of the form

R(x,y) = exp[—(x2+y2)/b2] (A9)

where b is a measure of the size of the volume of material sampled by the probe. The
value of b (= 200 m) is much larger than the area illuminated on the specimen surface
(spot size ~ 2 um); indirect illumination from internal scattering determined the volume
from which the fluorescence signal was collected.

With the parameters pertinent to the data of Fig.9 (K| = 7.0 MPavm,
hm = 250 um), the stress directly opposite the crack tip is, from Eqn. (A3),
Okk (hm, 0) = 350 MPa. The stress given by Eqn. (A1), with the center of the probe at
(x0, yo) = (hm, 0) is significantly lower: 325 MPa. However, both values are reasonably
close to the value in Fig. 9 deduced from the measured peak shift (360 + 20 MPa),

consistent with the findings of previous studies.4-11
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APPENDIX B

Fatigue Crack Trajectory

The preferred path taken by a fatigue crack depends on the ratio of energy release
rate ranges, AG, compared with the ratio of crack growth rates at the relevant phase
angle, ¥, for the different possible trajectories. For a surface crack, an interface debond
is mixed mode (¥ = 50°).16 The comparison is thus made for mixed mode crack growth
along the interface and mode I growth through the alloy (Fig. 6). The energy release rate
range for mode I growth through the alloy is26

AG = 1.26ma(ol,, —0%,)/E (B1)

where a is one-half the ceramic layer thickness, Omax and Omin are the maximum and
minimum stresses applied during load cycling and E is the modulus of the ceramic. For
mixed-mode growth along the interface, upon initial cyclic debondirg?’

AGg = 03ra(o, -ol,)/E. ' (B2)
Then, upon further growth, when steady state is reached (AG = AGyg),16

AGm = 05a(0%, -o%,)/E. (B3)
The ratio of energy release rates for mode I growth into the alloy and for mixed mode

1711 growth along the interface, is thus in the range 4.2-2.5 Tt. Imposing this ratio onto
the crack growth curves dictates whether interface debonding is preferred or vice versa
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(Fig. 12). The present data for AlyO3/ Al (Fig. 6) indicate that interface crack growth is
preferred, at least for AG in the range, 10 — 10,000 Jm-2.

For intact metal ligaments, the AG ratio is similar, with a somewhat larger value

for mode 1,26
AG = 2b(el,, - 0%, )[tan(ra/2b)] [E. (B4)

where 2(b - a) is the ligament thickness. More importantly, the loading for an interface
debond crack is now mode II. It is expected that the mode II debond growth rate,
da/dN, is appreciably lower than that in mixed mode. Such reductions arise because of
frictional contacts along the debond faces, as found in monolithic alloys in fatigue,22
and for monotonic interface debonding.23 In this case, mode I growth through the alloy
is preferred over interface debonding.
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TABLE 1

Interface Fatigue Crack Growth for Al/Al,0;

Metal Layer Thickness | Energy Release Rate Range, | Crack é:oe::thsekange,

(_m) AG (Jm2) da/dN (m/cycle)
13 29x108
40 144 1.0x 108
180 1.5x 106
100 13 14x109
139 22x1038
250 4 28x109
130 34x108
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FIGURE CAPTIONS

Fig. 1. Effects of slip and debonding on the stress ahead of a semi-infinite crack.6

Fig.

Fig.

Fig.

Fig.

Fig.

Fig.

Fig.

Fig.

Fig. 10.

2

3.

. Fig. 11.

KJS 127283

The specimen configuration and the locations used for stress measurement.

a) Optical micrographs of two Al/AlO3 beams, the top beam subjected to a
single load cycle, the lower beam subjected to 50,000 cycles of flexural
fatigue.

b) Optical micrograph of an interface debond created from the precrack by
cyclic loading, as viewed through the transparent outer sapphire layer.

Crack growth resistances measured for the multilayers used in the present
study.

Scanning electron micrographs of fatigue striations observed in the aluminum
layer after debonding and removal of the upper sapphire layer: a) within one
grain, b) different orientations in different grains.

Plot of the average crack growth rate, di/dN vs. AG for multilayers with
different metal layer thicknesses. Also shown are data for Type 7075-T6 and
1100-TO aluminum alloys, taken from References 7 and 18-20.

Scanning electron micrograph of an aluminum ligament that failed in fatigue.

Piezospectroscopic calibration curve for the alumina used in the present
investigation.

Stress ahead of precrack with load applied (nominal K = 7 MPa+m ) and
unloaded. Comparison with and without debonding.

Effect of debonding in a flexural configuration on stresses ahead of the surface
precrack.

Schematic illustrating possible fatigue crack trajectories: a) Mode I extension of
cracks from cracked ceramic layers into the intervening metal layer and
b), c¢) Extension of mode II cracks along the interface.

19




Fig. 12. Schematic of the effect of mode mixity on the relative crack growth rates for
different crack trajectories. Also shown is the ratio of AG ’s. For this case,
interface debonding is preferred over mode I growth into the alloy.
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ABSTRACT

The current interest in tough, high-temperature materials has motivated fiber
coatings development for sapphire fiber-reinforced alumina composites. For this
system, it has been demonstrated that the interfacial properties can be controlled with
coatings which can be eliminated from the interface subsequent to composite
consolidation. However, these fugitive coatings can contribute to the high temperature
strength degradation of sapphire fibers. Such degradation, which compromises the
composite strength and toughness, is the focus of the current investigation. It has been
observed that in some cases selecting appropriate composite processing conditions can
minimize such effects but overcoming fiber strength loss remains an important issue for

the use of these composites.
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1. INTRODUCTION

The current limitations to the advancement of ceramic matrix composites are
associated with the development of high strength, oxidation and creep resistant fiber-
reinforcements and the control of the interfacial debonding and sliding behaviors. One
approach to reinforcements has been to develop single crystal oxide fibers. The most
thoroughly studied of these is sapphire. One promising class of coating is fugitive,1-2
whereby the coating is removed from the interface subsequent to composite
consolidation in order to leave a gap between the fiber and matrix. Carbon and
molybdenum are examples of such coatings. The coating thickness and resulting gap
size are used to manipulate the interfacial sliding resistance. However, the coating
chemistry and thickness can affect the surface morphology of the fibers during either
composite processing or subsequent exposures to high temperatures. This can lead to
pronounced changes in fiber strengths. Such effects are the focus of this investigation.

This study has five essential elements. (i) Uncoated fibers were heat treated and

their strengths measured in order to classify inherent strength degradation mechanisms.

(ii) Coated fibers were given similar heat treatments and tested to establish additional
degradation phenomena that may arise. (iii) Fibers with thick fugitive coatings of C and
Mo were introduced into an alumina matrix by hot pressing. The fibers were removed
by using the fugitive character of the coating. The withdrawn fibers were tested. These
tests identified new degradation mechanisms that may operate with this coating.

(iv) Unidirectional composites were fabricated with several coating thicknesses. The
tensile properties of the composite were measured and fiber push-out tests performed.
These tests idicated whether there are other strength loss phenomena assoriated with
composite consolidation. They also allowed correlation to be made between composite

behavior and the fiber strength and the interface debonding and sliding resistance.
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(v) The fiber morphological changes have been examined in order to provide an

understanding of the mechanisms involved.

2. EXPERIMENTAL PROCEDURES
2.1 Fiber Strength Tests

The fibers were obtained from a single spool of Saphikon sapphire fiber (diameter
~ 130 m). Their tensile strengths were measured for several fiber conditions by using a
commercially available fiber testing machine® and a one-inch gauge length. The first set
was tested in the as-received state. The second was washed in cold water followed by
acetone and ethanol, and then subjected to the series of heat-treatments summarized in
Table 1. The remaining two sets were first washed and then coated with either Mo or C
to a thickness of ~ 10~15 um. These were hot pressed into a high purity alumina matrix
using the conditions specified in Table I. After hot pressing, the composites were heat
treated at 1100°C in air for ~ 2 h to remove the coatings from the interfaces. The fibers
were extracted from the matrix and their strengths were measured directly.

Fiber strength data sets were comprised of ~ 20 measurements. While this set size
is too small to give an accurate determination of the fiber strength distribution

parameters, it is sufficient to establish definitive trends in the median fiber strength.34
2.2 Composite Specimen Fabrication

Unidirectional alumina matrix composites containing Mo coated sapphire fibers
were produced for correlating composite behavior with the properties of the fibers and
interfaces. Coatings with three thicknesses (0.2, 0.7 and 1.4 im) were used. Composites
were produced by hot isostatic pressing (HIPing). These have been made by first

* Micropull Sciences, Thousand Oaks, California
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fabricating a preform comprising coated fibers within a slurry of the matrix material.
These composites were sealed in an evacuated niobium can. Consolidation was
achieved at a pressure of 30 MPa at 1350°C for 30 min (Fig. 1). Dog-bone shaped tensile
specimens were diamond machined from the consolidated composite and the coatings

were removed from the interface by heat-treating in air at 1150°C for 50 h.
2.3 Microstructural Characterization

Scanning electron microscopy (SEM) techniques with energy dispersive X-ray
analysis were used to identify the strength limiting flaws for each data set. In addition,
the morphologies of heat-treated fibers were examined in a field emission scanning
electron microscope (JEOL 6300F) in or: . 2r to classify and compare various surface and
fracture features.

The interfaces in the composites were examined by transmission electron
microscopy (TEM). For this purpose, electron transparent foils were prepared as
described elsewhere. After tensile testing, the fiber pull-out length distributions were
measured from scanning electron micrographs and the surface features of the fibers
characterized. In addition, interactions between the fibers and the matrix were also
classified.

2.4 Composite Testing

Tension tests were performed on the composite in a fixture located within a
scanning electron microscope (Fig. 2). The forces were measured from a load cell. The
behavior at small strains was monitored from strain gauges affixed to the specimen. At
larger strains, the specimen displacement was measured with an LVDT. These strain
data were compared with photomicrographic measurements.

The interfacial sliding resistances were measured by using the fiber push-through

technique.
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3. FIBER STRENGTHS

The fibers in the as-received condition were found to have a median strength,
S=~ 2.7 GPa,and . Weibull modulus, m =~ 6.5 (Fig. 3a), consistent with values reported
in the literature.5 After heating the washed, uncoated fibers to successively higher
temperatures (1250°C, 1350°C and 1450°C), there were small, though significant,
reductions in either the mean strength, S, or the Weibull modulus, m, (Fig. 3b, Table I).
Conversely, extracted fibers originally coated with Mo showed considerable strength
loss, at all heat-treétment temperatures (Fig. 3b). The fibers originally coated with
carbon exhibited a smaller resclution in median strength but had the most substantial
strength variability, reflected in the highest coefficient of variation and the low Weibull
modulus (m = 2.6).
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Table 1

Fiber Strength Data

) Median Coefficient | Weibull
Heat Treatment Strength of Variation Modulus
(GPa)
-—-——*—ﬁ

1250°C 2.6 0.10 9.8
Uncoated 1350°C 2.0 0.15 6.8
1450°C 2.1 0.18 5.8
Mo 1250°C 19 0.16 6.2
Coated: 1350°C 14 0.32 2.2
Extracted 1450°C 1.0 0.33 3.2
G Soatec: 1450°C 16 038 26
As-Received 29 013 65

" With the exception of the As-Received set, all fibers were heated in an air furnace at 1150°C for 2 hours
subsequent to the heat treatments shown above.
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4. FIBER MORPHOLOGY

Upon heat treatment, the fiber morphology is found to be strongly influenced by
both diffusional effects and chemical reactions, especially in the presence of either fiber
coatings or a composite matrix. There are four basic phenomena (Fig. 4), each
exemplified by the observations presented below. (i) Surface diffusion causes fiber
facetting, even in isolated fibers. (ii) Thin polycrystalline coatings, when chemically
inert (no reaction products), are morphologically unstable and develop holes.
Equilibrium at the hole edges then motivates surface diffusion and induces the
formation of ridges on the fibers. (iii) Chemical reactions occur between the coating and
the fiber resulting in fiber surface damage. This may produce either solid or gaseous
reaction products. (iv) After a coating has either become discontinuous during
composite consolidation or has been removed by oxidation, the matrix may sinter to the
fiber. This results in localized bonding, causing matrix grains to remain attached to the

fiber during pull-out, upon composite testing.
4.1 Uncoated Fibers

The fibers display sinusoidal diameter modulations along their length with
characteristic wavelengths and amplitudes, described elsewhere.6 Flaws observed in the
as-received fibers were primarily associated with porosity. Pores develop during fiber
growth and have been observed within the fibers and at the fiber surfaces (Fig. 5). The
strength range is consistent with calculations for cylindrical rods containing cracks
having the same dimensions as the pores? (Fig. 6).

The surface features were altered by high temperature heat-treatments. The fibers
facet (Fig. 7), illustrating the inherent morphological instability of single crystal fibers.
Frequently, local surface damage was evident resulting from chemical reactions

(Fig. 8a). These sites usually correlate with failure origins and account for the strength
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loss. Energy dispersive X-ray spectroscopy measurements identified Si and Mg at these
sites (Fig. 8b). Two likely sources of contamination include the incomplete removal of
the fiber sizing and reactions with inorganic contaminants that condense onto the fiber
surfaces during heat treatment in the air furnace. Such contaminant reactions are

avoidable upon encapsulation of the fibers and are of moderate practical concern.
4.2 Carbon Coated Fibers

The heat treated carbon coated fibers displayed surface regions indicative of a
chemical reaction between the coating and the fiber, localized near fiber ends and at
locations where the coatings were discontinuous. The reaction product, identified by
X-ray analysis as Al4C3, severely degraded the fiber surface (Fig. 9). The extent of
reaction increased with temperature (Fig. 10). In addition, accentuated fiber facetting
occurred near the reaction sites.

Thermodynamic calculations (Appendix 1) indicate that alumina and C can react
to form volatile aluminum suboxides at temperatures as low as 1100°C, at least when
heat treatments are conducted in an open system.8-11 The progress of these reactions
requires a means of removing CO from the reaction site, consistent with the reactions
being preferentially located at the fiber ends and at coating discontinuities. This
tendency for localized attack is presumably responsible for the strength variability of the
fibers. Some fibers were relatively undamaged in the gauge section and exhibit
strengths similar to the uncoated fibers heat treated to the same temperature. Others
were damaged in the gauge length associated with areas where the coating was

discontinuous.
4.3 Mo Coated Fibers

Observations of the extracted Mo coated fibers reveal substantial changes in

surface morphology. At least two phenomena contribute. The first involves the breakup
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of the polycrystalline Mo coating.12.13 The Mo/ Al203 interface then forms ridges on the
surface of the sapphire, at the Mo grain edges. This process proceeds by surface and
interface diffusion. The ridges are visible when the coating is chemically etched from the
fibers (Fig. 11). They heighten as the heat treatment temperature increases. Upon
removing the coating, further heat treatment causes the ridges to become unstable. The
morphology then resembles fiber facetting, but with an additional surface roughness
that originates with the ridges.

A second potential phenomenon involves the dissolution of alumina in Mo. If it
occurs, the same morphological changes discussed above would proceed, but the
kinetics could be more rapid than those for interface diffusion. Such dissolution has
been well documented for Nb/ AlyOj3 interfaces!4 and has been reported to occur for
Mo/ Al,O3 composites as well at temperatures similar to those used in this study
(subject to the oxygen partial pressure).1> However, it has not been verified for Mo,
because high resolution TEM specimens are difficult to produce without interface
debonding.

The large strength reduction found for the Mo coated fibers is presumed to relate
to the ridges and troughs formed by diffusion or dissolution. It has not been possible to
quantify the measured strengths, because an appropriate surface flaw model has not
been developed. However, the general trend toward a lower strength with increased
ridge height, as the temperature increases, suggests that a model based on the stress

intensification caused by ridges and troughs is consistent with the measurements.
4.4 Fibers Within A Composite

Thin (0.2 and 0.7 im ) Mo fiber coatings do not remain continuous after composite
consolidation (Fig. 12). Consequently, submicron thick Mo fiber coatings permit the
fibers to sinter to the matrix, during HIPing, in those areas where the coating has

become discontinuous (Fig. 13). The thicker (1.4 m ) Mo coatings are continuous
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(Fig. 12), but the thickness is non-uniform. For these coatings, local sintering of the fiber
to the matrix does not occur upon HIPing, but can still occur after the coating has been
removed. In such cases, upon debonding, some matrix grains remain attached to the
fiber, with associated ridge formation and fiber damage (Fig. 14). Chipping of the fibers
can also occur (Fig. 15). Such visual evidence of fiber, matrix sintering allows
measurement of the sintered regions to give the area fraction of fiber bonded to the
matrix, fa (Table II). In some locations, additional features are evident, manifest as,large
ridges and troughs between neighboring sintered sites (Fig. 16).

Sintered areas resist debonding and increase the interfacial fracture energy in
proportion to the area fraction of bonding. Moreover, when the matrix sinters to the
fibers, the resulting damage (Fig. 14, 15) reduces the fiber strength. The relatively large
depth of these damaged regions compared with the size of the ridges and troughs
found for the extracted Mo coated fibers (Fig. 3) suggests that the strengths may be
substantially lower in the HIPed composites. The magnitude of the additional strength
reduction is implied from analyses conducted below.

Localized sintering would also induce residual stress upon cooling, because of the
thermal expansion mismatch between c-axis sapphire and polycrystalline Al;0O3. Such
stresses should be of order 100 MPa and may influence trough formation (Appendix II).

5. COMPOSITE PROPERTIES

Composites with Mo coated fibers were tested after removing the Mo. All failed
from a single dominant crack because of the low fiber volume fractions ( f < 0.20).
However, the fracture resistance and the extent of fiber pull-out were very different for
the three coating thicknesses (Table II). The specimens with thin (0.2 um) gaps had low
toughness and exhibited co-planar fracture (Fig. 17), with no pull-out. Conversely,
appreciable pull-out was evident for the two larger interfacial gaps (Fig. 18). Moreover,
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the material with the 1.4 lim interface gaps exhibited substantially more pull-out
(average pull-out length, h ~ 640 um) than the material with the 0.7 pm gaps

(h ~ 90 pm). A typical load-displacement curve for these materials illustrates the fiber
pull-out contribution to the composite fracture resistance (Fig. 19). The magnitude of the
fracture dissipation is 40 k Jm2. The associated ultimate tensile strengths (UTS),
summarized in Table I indicate a similar trend, with the larger gap giving a
considerably higher UTS.

The corresponding push-out behaviors are summarized in Fig. 20. The composite
with the thinnest coating did not exhibit push-out. The inability of this interface to slide
and pull-out results from sintering. Conversely, sliding was induced in the other two
composites. B. th materials exhibited essentially the same sliding resistance, probably
because local variations in the coating thickness, rather than the average gap width,

dominate sliding .

6. ANALYSIS
6.1 Method and Assumptions

An attempt is made to interpret the above composite behavior in terms of the fiber
strength degradation phenomena, discussed above, in conjunction with related trends
in interface properties. For this purpose, three basic assumptions are made and used
together with models of interface debonding and sliding, as well as fiber pull-out. It is
assumed +' ¢, when the fiber sinters to the matrix, debonding occurs when the energy
releasera  .eaches the mo-e I fracture energy of the fine-grained alumina polycrystals
(I'c = 25 Jm-2). The debor... energy is then,

I = f,I, (1)
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with fa given in Table II. It is also assumed that a sliding zone exists behind the
debond, subject to a constant sliding resistance, T . In this case, the debond length, ¢, at

stress, G, is16

(6-0,) (2

where R is the fiber radius, f is the fiber volume fraction and G; is the debond stress

given by,

o, = L JET,/R - ¢" (&] 3)
G G
where 0T is the axial misfit stress caused by thermal expansion mismatch and C; and
C; are constants defined by Hutchinson and Jensen.16
Finally, it is assumed that fiber failure occurs within the debond zone, in accordance
with weakest link statistics. The fiber pull-out length h should then be related to 1. The
relationship between 1and h is considered to be similar to that devised by Curtin,1”

h = fA’(m) @
where A’ is a function of the Weibull modulus of the fibers. Equation (4) must be a lower
bound for the pull-out length.

6.2 Interpretation

The preceding formulae allow an understanding and rationalization of the
observation that composites with the 0.7 m gap have smaller pull-out lengths than
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materials with a 1.4 um gap, but yet have similar sliding resistance. There are two
factors involved. (i) A smaller debond length is expected with the narrower gap,
because of the larger debond resistance that has been induced by the more extensive
fiber /matrix sintering. Slip is limited by the debond length.# (ii) Fiber weakening occurs
when matrix grains sinter to the fibers and create damage sites (Fig. 14, 15).

The measured UTS, G, may be inserted into Eqn. (2) and, upon using Eqns. (1)
and (3), the debond lengths at failure may be estimated. The results (Table I} verify that
a considerably larger debond length develops for the composite with the wider interface
gap. Moreover, the proportionality constant, A’, between the pull-out length, h, and the
debond length 1 (Eqn. 4) is similar for both materials.

The strengths of the fibers in the composite S¢ is out of order (Table II),

S. = o,/f (5)

These strengths are considerably lower than those measured for the extracted fibers
with the thick coatings. It is implied that the strengths have been markedly degraded by
sintering of the matrix to the fibers. Furthermore, because S; represents the strength
measured at a gauge length of order the debond length, even smaller values would

obtain at a 1" gauge length.

% In addition, local residual stresses at the bonded sites along the interface may influence the interface
crack trajectory.18

KJS-Evans-25:TA-Cmpst Proc Sphr 93/11/30010:48 AM+12/8/93 14




Table 11

Composite Properties

Coating 1 h Fracture of | Measured
Thickness | (MPa) | (Hm) | Fiber/Matrix| UTS Sc 1 A
(pim) Bonded (MPa) (GPa) | (Hm) (m)
0.7 17 90 ~0.05 22 0.1 250 03
14 15 640 ~0.01 79 04 1000 0.7
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7. SUMMARY

Single crystal sapphire fibers have been suggested as a high strength reinforcement
for ceramic matrix composites. Interfaces have been developed based on a fugitive
coating concept which satisfies the fiber debonding and sliding conditions for
toughness enhancement in these materials. However, the strengths of the fibers are
reduced by the presence of the coatings and are further reduced upon forming a
composite. The mechanisms for the strength loss of coated fibers include: i) gas phase
reactions with the coating which produce aluminum sub-oxides and etch the fibers ii)
chemical reactions which form solid state reaction products and iii) facetting or ridging
by surface diffusion. Carbon coated fibers are susceptible to the first two modes of
degradation. However, it should be possible to minimize these effects by selecting
composite processing conditions that provide a controlled CO/CO, atmosphere. For the
Mo coatings, the degradation mechanisms are primarily of the third type and more
difficult to eliminate.

Additional fiber strength reduction results after composite processing with thin
coatings, due to localized sintering of the matrix to the fiber. Such bonding affects the
surface of the fibers. It also imposes a residual stress, which may further alter the
surface morphology. It is believed that this strength loss could be minimized by
manipulating the matrix microstructure and chemistry (by incorporating segregants) to

reduce the sintering potential.
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APPENDIXI

Thermodynamic Calculations

For alumina to be reduced by carbon during diffusion bonding, a maximum
pressure for the reaction system can be determined. The chemical reactions of interest

and their standard free energies,” AG® (J/ mole), per mole of CO, are as follows:

L AlO3(s)+9/2C{s) =1/2 AluC3 (s) + 3CO (g)

AG®= 1260904.5 - 5755 T

II. AlxO3(s) +C(s) = Al,O2 (g) + CO (g)
AG® =1141595-389.3T

OI. AlxO3(s) +2C (s) = ALO (g) +2CO (g)
AG® = 1262879 - 551.7 T

IV. AlO3(s) + C (s) = 2A10 (g) + CO (g)
AG® =1600515-522.2 T

V. Al)O3(s) +3C (s) = 2A1 (g) +3CO(g)
AG°® = 1929403 - 799.7 T

VI C(s) + 1/202(g) = CO(g)
AG®=-111700-87.65 T

VIL 2CO (g)+ 02 (g) = 2CO2 (®)
AG®= -5°4800+173.6 T

where T is the temperature. Reaction I was calculated to have the lowest free energy for
the temperature range of interest (1250°C-1450°C). Furthermore, since this reaction

* Thermodynamic data are taken from references 8-11.
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involves the formation of one gaseous species the equilibrium CO partial pressure can
be determined as a function of temperature.* The equilibrium CO partial pressure is
calculated (Table A.1), using

AG®
Fo = exp| 3T

For Reaction I to proceed, the partial pressures of CO in the system must not exceed the
equilibrium values. The partial pressures of the CO2, Oz and the aluminum suboxides
can also be determined using these CO partial pressures (Table A2).

Table Al

Equilibrium Partial Pressure of CO for Reaction I

T (°C) pCO (atm)
1250 4.0+105
1350 3.1+104
1450 1.9+103

For Reaction I to proceed, the CO partial pressures in the system must not exceed
the equilibrium values. Such pressures cannot develop in the vacuum system used for
the present experiments.

With P, specified «t its equilibrium value, the partial pressures of the aluminum
suboxides can be determined for Reactions II to V (Table AIl).

¥ It is assumed that the buffer system descibed by reactions V1. and VII. does not dictate the CO partial
pressure in the system.
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Fig. 12. Schematic of the effect of mode mixity on the relative crack growth rates for
different crack trajectories. Also shown is the ratio of AG ‘s. For this case,
interface debonding is preferred over mode I growth into the alloy.
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ABSTRACT

The current interest in tough, high-temperature materials has motivated fiber
coatings development for sapphire fiber-reinforced alumina composites. For this
system, it has been demonstrated that the interfacial properties can be controlled with
coatings which can be eliminated from the interface subsequent to composite
consolidation. However, these fugitive coatings can contribute to the high temperature
strength degradation of sapphire fibers. Such degradation, which compromises the
composite strength and toughness, is the focus of the current investigation. It has been
observed that in some cases selecting appropriate composite processing conditions can
minimize such effects but overcoming fiber strength loss remains an important issue for

the use of these composites.
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1. INTRODUCTION

The current limitations to the advancement of ceramic matrix composites are
associated with the development of high strength, oxidation and creep resistant fiber-
reinforcements and the control of the interfacial debonding and sliding behaviors. One
approach to reinforcements has been to develop single crystal oxide fibers. The most
thoroughly studied of these is sapphire. One promising class of coating is fugitive,!-2
whereby the coating is removed from the interface subsequent to composite
consolidation in order to leave a gap between the fiber and matrix. Carbon and
molybdenum are examples of such coatings. The coating thickness and resulting gap
size are used to manipulate the interfacial sliding resistance. However, the coating
chemistry and thickness can affect the surface morphology of the fibers during either
composite processing or subsequent exposures to high temperatures. This can lead to
pronounced changes in fiber strengths. Such effects are the focus of this investigation.

This study has five essential elements. (i) Uncoated fibers were heat treated and

their strengths measured in order to classify inherent strength degradation mechanisms.

(ii) Coated fibers were given similar heat treatments and tested to establish additional
degradation phenomena that may arise. (iii) Fibers with thick fugitive coatings of C and
Mo were introduced into an alumina matrix by hot pressing. The fibers were removed
by using the fugitive character of the coating. The withdrawn fibers were tested. These
“ests identified new degradation mechanisms that may operate with this coating.

(iv) Unidirectional composites were fabricated with several coating thicknesses. The
tensile properties of the composite were measured and fiber push-out tests performed.
These tests idicated whether there are other strength loss phenomena associated with
composite consolidation. They also allowed correlation to be made between composite
behavior and the fiber strength and the interface debonding and sliding resistance.
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(v) The fiber morphological changes have been examined in order to provide an
understanding of the mechanisms involved.

2. EXPERIMENTAL PROCEDURES
2.1 Fiber Strength Tests

The fibers were obtained from a single spool of Saphikon sapphire fiber (diameter
~ 130 pm). Their tensile strengths were measured for several fiber conditions by using a
commercially available fiber testing machine® and a one-inch gauge length. The first set
was tested in the as-received state. The second was washed in cold water followed by
acetone and ethanol, and then subjected to the series of heat-treatments summarized in
Table 1. The remaining two sets were first washed and then coated with either Mo or C
to a thickness of ~ 10~15 im. These were hot pressed into a high purity alumina matrix
using the conditions specified in Table I. After hot pressing, the composites were heat
treated at 1100°C in air for ~ 2 h to remove the coatings from the interfaces. The fibers
were extracted from the matrix and their strengths were measured directly.

Fiber strength data sets were comprised of ~ 20 measurements. While this set size
is too small to give an accurate determination of the fiber strength distribution
parameters, it is sufficient to establish definitive trends in the median fiber strength.34

2.2 Composite Specimen Fabrication

Unidirectional alumina matrix composites containing Mo coated sapphire fibers
were produced for correlating com josite behavior with the properties of the fibers and
interfaces. Coatings with three thicknesses (0.2, 0.7 and 1.4 iim) were used. Composites
were produced by hot isostatic pressing (HIPing). These have been made by first

* Micropull Sciences, Thousand Oaks, California
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fabricating a preform comprising coated fibers within a slurry of the matrix material.
These composites were sealed in an evacuated niobium can. Consolidation was
achieved at a pressure of 30 MPa at 1350°C for 30 min (Fig. 1). Dog-bone shaped tensile
specimens were diamond machined from the consolidated composite and the coatings

were removed from the interface by heat-treating in air at 1150°C for 50 h.
2.3 Microstructural Characterization

Scanning electron microscopy (SEM) techniques with energy dispersive X-ray
analysis were used to identify the strength limiting flaws for each data set. In addition,
the morphologies of heat-treated fibers were examined in a field emission scanning
electron microscope (JEOL 6300F) in order to classify and compare various surface and
fracture features.

The interfaces in the composites were examined by transmission electron
microscopy (TEM). For this purpose, electron transparent foils were prepared as
described elsewhere. After tensile testing, the fiber pull-out length distributions were
measured from scanning electron micrographs and the surface features of the fibers
characterized. In addition, interactions between the fibers and the matrix were also
classified.

2.4 Composite Testing

Tension tests were performed on the composite in a fixture located within a
scanning electron microscope (Fig. 2). The forces were measured from a load cell. The
behavior at small strains was monitored from strain gauges affixed to the specimen. At
larger strains, the specimen displacement was measured with an LVDT. These strain
data were compared with photomicrographic measurements.

The interfacial sliding resistances were measured by using the fiber push-through
technique.
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3. FIBER STRENGTHS

The fibers in the as-received condition were found to have a median strength,
S~ 2.7 GPa, and . Weibull modulus, m ~ 6.5 (Fig. 3a), consistent with values reported
in the literature.5 After heating the washed, uncoated fibers to successively higher
temperatures (1250°C, 1350°C and 1450°C), there were small, though significant,
reductions in either the mean strength, S, or the Weibull modulus, m, (Fig. 3b, Table I).
Conversely, extracted fibers originally coated with Mo showed considerable strength
loss, at all heat-treétment temperatures (Fig. 3b). The fibers originally coated with
carbon exhibited a smaller resolution in median strength but had the most substantial
strength wariability, reflected in the highest coefficient of variation and the low Weibull
modulus (m = 2.6).
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Table 1

Fiber Strength Data

] Median Coefficient | Weibull
Heat Treatment Strength of Variation | Modulus
1250°C 26 0.10 9.8
Uncoated 1350°C 2.0 0.15 6.8
1450°C 2.1 0.18 5.8
Mo 1250°C 19 0.16 6.2
Coated: 1350°C 14 0.32 2.2
Extracted 1450°C 1.0 0.33 3.2
€ Coated 1450°C 16 038 26
As-Received 2.9 0.13 6.5

* With the exception of the As-Received set, all fibers were heated in an air furnace at 1150°C for 2 hours
subsequent to the heat treatments shown above.
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4. FIBER MORPHOLOGY

Upon heat treatment, the fiber morphology is found to be strongly influenced by
both diffusional effects and chemical reactions, especially in the presence of either fiber
coatings or a composite matrix. There are four basic phenomena (Fig. 4), each
exemplified by the observations presented below. (i) Surface diffusion causes fiber
facetting, even in isolated fibers. (ii) Thin polycrystalline coatings, when chemically
inert (no reaction products), are morphologically unstable and develop holes.
Equilibrium at the hole edges then motivates surface diffusion and induces the
formation of ridges on the fibers. (iii) Chemical reactions occur between the coating and
the fiber resulting in fiber surface damage. This may produce either solid or gaseous
reaction products. (iv) After a coating has either become discontinuous during
composite consolidation or has been removed by oxidation, the matrix may sinter to the
fiber. This results in localized bonding, causing matrix grains to remain attached to the

fiber during pull-out, upon composite testing.
4.1 Uncoated Fibers

The fibers display sinusoidal diameter modulations along their length with
characteristic wavelengths and amplitudes, described elsewhere.6 Flaws observed in the
as-received fibers were primarily associated with porosity. Pores develop during fiber
growth and have been observed within the fibers and at the fiber surfaces (Fig. 5). The
strength range is consistent with calculations for cylindrical rods containing cracks
having the same dimensions as the pores? (Fig. 6).

The surface features were altered by high temperature heat-treatments. The fibers
facet (Fig. 7), illustrating the inherent morphological instability of single crystal fibers.
Frequently, local surface damage was evident resulting from chemical reactions

(Fig. 8a). These sites usually correlate with failure origins and account for the strength
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loss. Energy dispersive X-ray spectroscopy measurements identified Si and Mg at these
sites (Fig. 8b). Two likely sources of contamination include the incomplete removal of
the fiber sizing and reactions with inorganic contaminants that condense onto the fiber
surfaces during heat treatment in the air furnace. Such contaminant reactions are

avoidable upon encapsulation of the fibers and are of moderate practical concern.
4.2 Carbon Coated Fibers

The heat treated carbon coated fibers displayed surface regions indicative of a
chemical reaction between the coating and the fiber, localized near fiber ends and at
locations where the coatings were discontinuous. The reaction product, identified by
X-ray analysis as Al4C3, severely degraded the fiber surface (Fig. 9). The extent of
reaction increased with temperature (Fig. 10). In addition, accentuated fiber facetting
occurred near the reaction sites.

Thermodynamic calculations (Appendix 1) indicate that alumina and C can react
to form volatile aluminum suboxides at temperatures as low as 1100°C, at least when
heat treatments are conducted in an open system.8-11 The progress of these reactions
requires a means of removing CO from the reaction site, consistent with the reactions
being preferentially located at the fiber ends and at coating discontinuities. This
tendency for localized attack is presumably responsible for the strength variabilit,; of the
fibers. Some fibers were relatively undamaged in the gauge section and exhibit
strengths similar to the uncoated fibers heat treated to the same temperature. Others
were damaged in the gauge length associated with areas where the coating was

discontinuous.
4.3 Mo Coated Fibers

Observations of the extracted Mo coated fibers reveal substantial changes in

surface morphology. At least two phenomena contribute. The first involves the breakup
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of the polycrystalline Mo coating.12.13 The Mo/ Al203 interface then forms ridges on the
surface of the sapphire, at the Mo grain edges. This process proceeds by surface and
interface diffusion. The ridges are visible when the coating is chemically etched from the
fibers (Fig. 11). They heighten as the heat treatment temperature increases. Upon
removing the coating, further heat treatment causes the ridges to become unstable. The
morphology then resembles fiber facetting, but with an additional surface roughness
that originates with the ridges.

A second potential phenomenon involves the dissolution of alumina in Mo. If it
occurs, the same morphological changes discussed above would proceed, but the
kinetics could be more rapid than those for interface diffusion. Such dissolution has
been well documented for Nb/ Al;Oj interfaces!4 and has been reported to occur for
Mo/ Al,O3 composites as well at temperatures similar to those used in this study
(subject to the oxygen partial pressure).15> However, it has not been verified for Mo,
because high resolution TEM specimens are difficult to produce without interface
debonding.

The large strength reduction found for the Mo coated fibers is presumed to relate
to the ridges and troughs formed by diffusion or dissolution. It has not been possible to
quantify the measured strengths, because an appropriate surface flaw model has not
been developed. However, the general trend toward a lower strength with increased
ridge height, as the temperature increases, suggests that a model based on the stress

intensification caused by ridges and troughs is consistent with the measurements.

4.4 Fibers Within A Composite

Thin (0.2 and 0.7 km ) Mo fiber coatings do not remain continuous after composite
consolidation (Fig. 12). Consequently, submicron thick Mo fiber coatings permit the
fibers to sinter to the matrix, during HIPing, in those areas where the coating has

become discontinuous (Fig. 13). The thicker (1.4 lm ) Mo coatings are continuous
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(Fig. 12), but the thickness is non-uniform. For these coatings, local sintering of the fiber
to the matrix does not occur upon HIPing, but can still occur after the coating has been
removed. In such cases, upon debonding, some matrix grains remain attached to the
fiber, with associated ridge formation and fiber damage (Fig. 14). Chipping of the fibers
can also occur (Fig. 15). Such visual evidence of fiber, matrix sintering allows
measurement of the sintered regions to give the area fraction of fiber bonded to the
matrix, fA (Table II). In some locations, additional features are evident, manifest as,large
ridges and troughs between neighboring sintered sites (Fig. 16).

Sintered areas resist debonding and increase the interfacial fracture energy in
proportion to the area fraction of bonding. Moreover, when the matrix sinters to the
fibers, the resulting damage (Fig. 14, 15) reduces the fiber strength. The relatively large
depth of these damaged regions compared with the size of the ridges and troughs
found for the extracted Mo coated fibers (Fig. 3) suggests that the strengths may be
substantially lower in the HIPed composites. The magnitude of the additional strength
reduction is implied from analyses conducted below.

Localized sintering would also induce residual stress upon cooling, because of the
thermal expansion mismatch between c-axis sapphire and polycrystalline Al,03. Such
stresses should be of order 100 MPa and m:ay influence trough formation (Appendix II).

5. COMPOSITE PROPERTIES

Composites with Mo coated fibers were tested after removing the Mo. All failed
from a single dominant crack because of the low fiber volume fractions ( f < 0.20).
However, the fracture resistance and the extent of fiber pull-out were very different for
the three coating thicknesses (Table II). The specimens with thin (0.2 im) gaps had low
toughness and exhibited co-planar fracture (Fig. 17), with no pull-out. Conversely,

appreciable pull-out was evident for the two larger interfacial gaps (Fig. 18). Moreover,
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the material with the 1.4 im interface gaps exhibited substantially more pull-out
(average pull-out length, h ~ 640 um) than the material with the 0.7 um gaps

(h ~ 90 pum). A typical load-displacement curve for these materials illustrates the fiber
pull-out contribution to the composite fracture resistance (Fig. 19). The magnitude of the
fracture dissipation is 40 k Jm-2. The associated ultimate tensile strengths (UTS),
summarized in Table I indicate a similar trend, with the larger gap giving a
considerably higher UTS.

The corresponding push-out behaviors are summarized in Fig. 20. The composite
with the thinnest coating did not exhibit push-out. The inability of this interface to slide
and pull-out results from sintering. Conversely, sliding was induced in the other two
composites. B. .h materials exhibited essentially the same sliding resistance, probably
because local variations in the coating thickness, rather than the average gap width,

dominate sliding .

6. ANALYSIS
6.1 Method and Assumptions

An attempt is made to interpret the above composite behavior in terms of the fiber
strength degradation phenomena, discussed above, in conjuncticn with related trends
in interface properties. For this purpose, three basic assumptions are made and used
together with models of interface debonding and sliding, as well as fiber pull-out. It is
assumed +' ¢, when the fiber sinters to the matrix, debonding occurs when the energy
releasera .eaches the me-e I fracture energy of the fine-grained alumina polycrystals
(I'c = 25 Jm-2). The debor... energ; is then,

L[ = f.T, 1)
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with f given in Table II It is also assumed that a sliding zone exists behind the
debond, subject to a constant sliding resistance, T . In this case, the debond length, ¢, at

stress, O, is16

t = (6-0,) )

where R is the fiber radius, f is the fiber volume fraction and G; is the debond stress

given by,

6, = — JET/R - 5[5-} ®
Cl Cl

where OT is the axial misfit stress caused by thermal expai.sion mismatch and C; and
C; are constants defined by Hutchinson and Jensen.16

Finally, it is assumed that fiber failure occurs within the debond zone, in accordance
with weakest link statistics. The fiber pull-out length h should then be related to 1. The
relationship between 1 and h is considered to be similar to that devised by Curtin,1?

h = £)\(m) )

where A’ is a function of the Weibull modulus of the fibers. Equation (4) must be a lower
bound for the pull-out length.

6.2 Interpretation

The preceding formulae allow an understanding and rationalization of the
observation that composites with the 0.7 pm gap have smaller pull-out lengths than
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materials with a 1.4 tm gap, but yet have similar sliding resistance. There are two
factors involved. (i) A smaller debond length is expected with the narrower gap,
because of the larger debond resistance that has been induced by the more extensive
fiber /matrix sintering. Slip is limited by the debond length % (ii) Fiber weakening occurs
when matrix grains sinter to the fibers and create damage sites (Fig. 14, 15).

The measured UTS, G,,, may be inserted into Eqn. (2) and, upon using Eqns. (1)
and (3), the debond lengths at failure may be estimated. The results (Table II) verify that
a considerably larger debond length develops for the composite with the wider interface
gap. Moreover, the proportionality constant, A’, between the pull-out length, h, and the
debond length 1 (Eqn. 4) is similar for both materials.

The strengths of the fibers in the composite S, is out of order (Table II),

S. = o,/f 5)

These strengths are considerably lower than those measured for the extracted fibers
with the thick coatings. It is implied that the strengths have been markedly degraded by
sintering of the matrix to the fibers. Furthermore, because S represents the strength
measured at a gauge length of order the debond length, even smaller values would

obtain at a 1" gauge length.

¥ In addition, local residual stresses at the bonded sites along the interface may influence the interface
crack trajectory.18
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Table 11

Composite Properties

h Fracture of | Measured

Coating T
Thickness | (MPa) | (Wm) |Fiber/Matrix] UTS Sc 1 A
(m) Bonded (MPa) (GPa) | (Mm) (m)
0.7 17 90 ~0.05 22 0.1 250 0.3
14 15 640 ~0.01 79 0.4 1000 0.7
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7. SUMMARY

Single crystal sapphire fibers have been suggested as a high strength reinforcement
for ceramic matrix composites. Interfaces have been developed based on a fugitive
coating concept which satisfies the fiber debonding and sliding conditions for
toughness enhancement in these materials. However, the strengths of the fibers are
reduced by the presence of the coatings and are further reduced upon forming a
composite. The mechanisms for the strength loss of coated fibers include: i) gas phase
reactions with the coating which produce aluminum sub-oxides and etch the fibers ii)
chemical reactions which form solid state reaction products and iii) facetting or ridging
by surface diffusion. Carbon coated fibers are susceptible to the first two modes of
degradation. However, it should be possible to minimize these effects by selecting
composite processing conditions that provide a controlled CO/CO; atmosphere. For the
Mo coatings, the degradation mechanisms are primarily of the third type and more
difficult to eliminate.

Additional fiber strength reduction results after composite processing with thin
coatings, due to localized sintering of the matrix to the fiber. Such bonding affects the
surface of the fibers. It also imposes a residual stress, which may further alter the
surface morphology. It is believed that this strength loss could be minimized by
manipulating the matrix microstructure and chemistry (by incorporating segregants) to
reduce the sintering potential.
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APPENDIX ]

Thermodynamic Calculations

For alumina to be reduced by carbon during diffusion bonding, a maximum
pressure for the reaction system can be determined. The chemical reactions of interest

and their standard free energies,” AG° (J/ mole), per mole of CO, are as follows:

I. AlpO3(s)+9/2C(s) =1/2 A4C3 (s5) + 3CO (g)
AG°=1260904.5-5755T

II. AlyO3(s) + C(s) = AbOs (g) + CO (g)
AG°® =1141595~ 3893 T

. Al;O3(s) +2C (s) = AlO (g) +2CO (g)
AG° =1262879-551.7 T

IV. AlyO3(s) + C (s) = 2A10 (g) + CO (g)
AG° =1600515-5222T

V. ALO3(s) +3C (s) = 2A1 (g) +3CO(g)
AG® =1929403 -799.7 T

VI C(s) + 1/204(g) = COg)
AG®= -111700-87.65 T

VII 2CO (g)+ O2 (g) =2CO2 ()
AG°= -564800+173.6 T

where T is the temperature. Reaction I was calculated to have the lowest free energy for
the temperature range of interest (1250°C-1450°C). Furthermore, since this reaction

* Thermodynamic data are taken from references 8-11.
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involves the formation of one gaseous species the equilibrium CO partial pressure can
be determined as a function of temperature.* The equilibrium CO partial pressure is
calculated (Table A.1), using

Po = ex AGY
@ Pl3RT
For Reaction I to proceed, the partial pressures of CO in the system must not exceed the

equilibrium values. The partial pressures of the CO2, Oz and the aluminum suboxides
can also be determined using these CO partial pressures (Table A2).

Table Al

Equilibrium Partial Pressure of CO for Reaction 1

T (°C) pCO (atm)
!
1250 4.0+10°5
1350 3.1+104
1450 1.9+10-3

For Reaction I to proceed, the CO partial pressures in the system must not exceed
the equilibrium values. Such pressures cannot develop in the vacuum system used for
the present experiments.

With P, specified at its equilibrium value, the partial pressures of the aluminum
suboxides can be determined for Reactions II to V (Table All).

* It is assumed that the buffer system descibed by reactions V1. and VII. does not dictate the CO partial
pressure in the system.
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From these results, it is 'apparent that both AlyO and Al have significant partial
pressures under conditions that also permit the formation of Al4C3. The formation of
these volatile phases could occur by reaction with CO in regions adjacent to the C
coating, consistent with the observation of rapid facetting near discontinuities in the

coating.
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Partial Pressures of Gas Phases for the Aluminum Oxide/Carbon System”’

TABLE All

T (°C) pCoO pALO pAl pALO pAIO ptotal
(atm) (atm) (atm) (atm) (atm) (atm)
1250 4.0010°5 3.0*10-15 2.0*106 1.6*106 2.3*10-12 2.9*10-5
1350 3.1*104 1.3*10-13 1.2*105 1.4*10-5 4.0*10-11 3.4*104
1450 1.9*103 2.8*1-12 5.0*104 1.3*104 5.0*10-10 2.17103

* These results are in reasonable

Sys. vol. 1., ed. G.S. Bahn, Gordon & Breach (1964).
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From the graph above it can be seen that Reaction I can proceed in the
vacuum furnace at temperatures exceeding 1100°C even for the lower
vacuum range (5+104 torr).
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APPENDIX 11

Crack-Like Surface Instabilities

Recent analyses have shown that surface perturbations can grow into crack-like
flaws, by surface diffusion, in bodies subject to stress.19 The flux is provided by the
strain energy contribution to the chemical potential, which can exceed the surface
curvature term, at sufficiently high stress. The consequence is that there is a critical
stress, O, above which such flaws can develop. The surface troughs observed in some
of the fibers may be caused by this phenomenon. In order to explore this possibility,
analysis of the critical stress is performed.

The basic requirement for the development of crack-like flaws is that the change in
strain energy, dU, upon crack extension, da, exceed the increase in surface energy, dUs,
as in the original Griffith analysis. This condition defines the critical stress. For an array

of surface flaws of depth, a, and separation, b, the energy release rate at stress, G, is

E

dU [oz xb
da

]F (a/b) (A1)

where the function F(a/b) is plotted on Fig. Al. The corresponding change in surface

energy is

— = 21 s (Az)
where ; is the surface energy per unit area. Hence, for flaw growth to be possible,
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dU/da 2 dU,/da (A3)
resulting in a critical stress,
2E
6. = |—F(a/b) (A9)
‘J nb

For flaws with depths in the micron range to extend in sapphire, Eqn. (A4) indicates
that stresses of order 500 MPa are required (Fig. A2). While such stresses are unlikely,
the mechanism has not been ruled out because of the morphological similarity of the
observed trough with the profile predicted for diffusive crack growth.
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FIGURE CAPTIONS

Fig. 1.
Fig. 2.

Fig. 3.

Fig. 4.

Fig. 5.

Fig. 6.

Fig. 7.

Fig. 8.

Fig. 10.

Fig. 11.
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Cross section of composite produced by HIPing.
Composite tensile test geometry for in situ studies in the SEM.

a) Fiber strength data: P is the cumulative probability of fracture.
b) Effect of heat treatment on median strengths and standard deviation.

Schematic representations of the surface morphology changes found to occur
when coated sapphire fibers are heat treated.

Pores observed on the surface of a sapphire fiber.

Fiber strength predictions obtained upon assuming that the porous behaviors
are penny-cracks. The fracture energy for sapphire was assumed to be 15
Jm-2- Typical pore diameters are ~ 1 Jim. The stress intensity factor is,

Ki = 2/vx )G +a Fa/b).

Facets observed on the surfaces of uncoated, heat treated fibers.

a) Surface damage was observed on uncoated, heat-treated fibers. A chemical
reaction has occurred between the fiber and the contaminant. b) The reaction
site examined by EDS, reveals Si and Mg.

Localized fiber surface degradation observed when carbon coatings were
used.

The fiber surface degradation (near the coating edge) for the carbon coated
fibers increases with the heat-treatment temperature. a) Surface features of a
fiber heated in vacuum for 2 h at 1250°C. b) Surface features of a fiber heated
in vacuum for 2 h at 1350°C. ¢) Surface features of a fiber heated in vacuum for
2 h at 1450°C.

Ridges on the sapphire surface observed when Mo coated fibers were heat
treated. The coating has been chemically etched from the fiber surface.
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13.

14.

15.

16.

17.

18.

20.

TEM micrographs reveal that a) 0.7 mm thick Mo coatings do not remain
continuous during HIPing . b) 1.4 pm thick Mo coatings are continuous.

Bonding between the fiber and the matrix can occur during composite
consolidation when thin Mo coatings (0.7 lm) become morphologically
unstable.

Matrix grains which sinter to the fiber remain attached upon debonding and
pull-out.

Surface grooves observed on sapphire fibers in HIPed composites, after fiber
pull-out. Also shown are the regions that sintered and then debonded.

Sliding between the matrix and fiber during pull-out degrades the fiber
surface and can damage the fiber.

Extensive bonding between the fiber and matrix led to co-planar fracture of the
composite produced with 0.2 pm thick gaps.

a) Composites produced with the 0.7 lm thick coatings exhibited moderate
fiber pull-out. b) The greatest extent of fiber pull-out was found for the
composites produced with 1.4 plm thick coatings.

. Load-displacement curves for composites produced with 1.4 \lm thick

interface gaps reveal contributions to crack growth resistance from fiber pull-
out. The corresponding energy dissipation is 40 kfm2.

Shear resistance of interface measurements by fiber push-out.
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